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Abstract
To substantially strengthen a material while retaining its ductility is an important aspect 
of physical metallurgy for both industrial product development and fundamental 
scientific research. This thesis explores the effect of niobium-rich clusters on the 
mechanical properties of ultra-thin strip cast steels produced by CASTRIP® process.
CASTRIP® is a revolutionary steel making process by which thin steel sheets of ~1.2 mm 
in thickness can be directly cast from liquid steel after only one stage of hot rolling. Steel 
sheets produced using this process exhibits good combinations of strength and ductility. 
Through this project, it was observed that most Nb atoms stay in the ferrite matrix 
uniformly. The Nb-microalloyed steels were then heat treated at 700 °C for just 4 min to 
reach peak-hardness with a -35% increase in yield strength with retained ductility. The 
strengthening was attributed to the growth of a very fine Nb-rich cluster dispersion. The 
retained ductility was attributed to recovery and matrix softening by removing interstitial 
elements such as N and C into clusters.
Similar levels of strengthening without sacrificing the ductility was achieved by nitriding 
the Nb-microalloyed steel at 525 °C in a salt bath for 1 hour. Interstitial solid solution 
strengthening from N and dispersion strengthening from Nb-rich and other clusters 
contributed to the -35% increment in yield strength. Ductility was again retained, where 
here it was explained by the hard-shell-soft-core structure of the steel sheet after nitriding.
The mechanical properties of nanoscale specimens were also tested by using in situ TEM 
nanoindentation. A cluster dispersion was also observed to have a strengthening effect on 
the nano-scale Nb-microalloyed steel specimens with high initial dislocation density due 
to the higher stress values required for dislocations to overcome the obstacles from 
clusters before reaching and annihilating at the specimen surface.
The findings presented in this thesis are believed to have both industrial and scientific 
significance, which would beneficial in the future sheet steel production as well as the 
nano-device design and development.
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Chapter 1 -  Introduction
1.1 A Short History of Steelmaking
Steel, mostly iron and carbon (generally less than 4.5 wt.%) with other alloying elements, 
is one of the most widely used structural materials in the world, spanning across 
construction, automobile, transportation, power, machine goods and many other 
applications. This makes steel a key driver of the world’s economy. The world crude steel 
production in 2011 was 1527 megatonnes (Mt) with 215 kg steel use per capita, 
compared to 851 Mt with 150 kg steel use per capita in 2001 [1]. Using steel, people have 
made structures bigger than the Sydney Harbor Bridge and accessories smaller than pins 
and needles. Interestingly, large scale production of steel did not begin until mid-19th 
century although steel has been used by human beings for thousands of years.
Steels were initially used to make weapons, which equipped the military forces in the 
ancient civilizations such as Greece, Persia, Rome, and China [2]. The ancient steel 
weapons were produced by placing iron ore (generally iron oxide) in a charcoal fire. 
Carbon in charcoal removes oxygen from the ore and the steel was then hammered into 
desirable shape. The steels used back then (also called wrought iron) generally contained 
0.02 - 0.08 wt.% carbon. Soldiers equipped with steel swords and shields gained 
advantages in battles because steel is harder, more durable and unlikely to bend compared 
to bronze.
Harder steel with a higher carbon content (generally 3 - 4.5 wt.%, also called cast iron) 
was developed during the Middle Ages with the invention of the blast furnace. Blast 
furnaces operate at much higher temperatures than charcoal flames. Along with the 
removal of oxygen from iron ore, carbon diffusion into steel was also accelerated. This 
makes the cast iron substantially harder than wrought iron, but it is very brittle and cannot 
be forged. Such steels have relatively low melting temperature due to the high carbon 
content. They can be casted into a molds to make pots, pans, cannon and bells [2].
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Steel makers of late Middle Ages started to realize that a good combination of high 
strength and toughness in steel can be achieved by carefully monitoring carbon content 
with proper thermal-mechanical treatment (using stoves and hammers). Steel with carbon 
content between 0.2 -  1.5 wt.% is more durable and stronger than wrought iron, yet more 
ductile and shock resistant than cast iron. One good example is the Damascus steel, the 
legendary steel from that time, which exhibited both high strength and great resistance to 
shattering [3]. However, the steel making, especially good control over carbon content, 
was still costly, time-consuming and confined to small-scales.
The process for large scale and cheap production of steel was revolutionized by the 
British metallurgist Sir Henry Bessemer in 1856 by introducing the Bessemer process. In 
this process, compressed air is blasted into the molten cast iron to remove excessive 
carbon [2]. The blow of cold air through the molten metal did not freeze-up the metal. 
Instead, steel became even hotter and stayed molten. Steel making, with good control 
over carbon content, was made possible in just few minutes by this method. 
Modifications were later made based on the Bessemer’s process to produce better steels 
by reducing oxygen and phosphorous levels. Today, the most widely used steel making 
process from iron ore - the basic oxygen process, is modified from the Bessemer process. 
Molten steel with a desirable alloying composition is then ready for further processing 
such as casting, extrusion and rolling (e.g. by the CASTRIP® process) for various 
applications.
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1.2 Description of CASTRIP® Process
CASTRIP® (strip casting) is a revolutionary new twin-rolling method of producing steel. 
Using this technique, thin (~ 1-1.5 mm) strip steel can be produced directly from liquid. 
Figure 1.1 schematically depicts the CASTRIP® steel making process. The ladle contains 
110 metric tons of liquid steel and it feeds into a tundish and transition piece. The 
transition piece helps to reduce the ferrostatic head of the liquid steel and distribute the 
metal flow across the length of the casting rolls. The liquid steel solidifies within 200-300 
milliseconds when it passes through the counter-rotating casting rolls to form as-cast steel 
sheet about 3mm in thickness in the hot box. The hot box reduces the formation of scale 
by maintaining the as-cast steel sheet in a reduced atmosphere up to the hot rolling stand. 
The as-cast steel sheet is stabilized by pinch rolls and then hot-rolled to reduce the 
product thickness to -1-1.5 mm. The hot rolling temperature is around 900°C so the steel 
is rolled in the austenite phase field. The hot-rolled steel sheet is water cooled and coiled. 
The coders allow for the continuous operation of the casting process and the coiling 
temperature is around 500-650°C, indicating that steel sheet is in the ferrite phase field 
when coiled [4, 5].
I
®Figure 1.1: Schematic drawing of the CASTRIP steel making process [4, 5].
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Figure 1.2 compares the CASTRIP® process with the conventional slab casting and 
minimill thin-slab casting techniques schematically. The conventional slab casting and 
minimill thin-slab casting processes of producing thin steel sheet pass relatively thick 
steel slabs (-50-200 mm) into multiple hot rolling stands to achieve the final desired 
thickness. The slab thickness from the CASTRIP® process is -3  mm and it only employs 
one hot rolling stand to acquire the final -1-1.5 mm thick steel sheet. Therefore, the 
significant amount of energy that is consumed for hot-rolling can be reduced by using the 
CASTRIP® process. The casting speed for conventional slab casting, minimill thin-slab 
casting and CASTRIP are -2, -6  and -80 m/sec, respectively. The mill size of 
CASTRIP® is only one-tenth of the conventional method. Therefore, thin steel sheets can 
be produced with significantly less energy, time and floor space, while maintaining an 
increased output in comparison to the conventional slab casting techniques [4-6]
(a) 500-800 m
Minimill Thin-Slab Casting
•  •  •  •  •  •  UllIttiltD.
-3 mm
ib i
«II*«
300-400 m
I H M W M M I
Strip Casting (CASTRIP)
t minnnn
60 m
-1-1.5 mm
Figure 1.2: The schematic drawings of (a) the integrated conventional slab casting, (b) the minimill thin-
®slab casting and (c) the strip casting (CASTRIP ) steel making processes [4, 5].
Presently, only low-carbon steel grade is manufactured commercially using the 
CASTRIP® process. The effect of microalloying additions such as Nb, V, Ti, Cu, Al, etc 
and the role of the single-stage hot-rolling are relatively unknown for this new steel 
making technique. The first sub-project (Chapter 3) of this thesis focuses on the role of 
hot rolling and Nb additions to explore the microstructure-property relationship of as-hot 
rolled (also referred as as-received) CASTRIP® steels.
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1.3 Precipitation of Nb(C, N) in a-Fe
Dispersions of Nb(C,N) nano-precipitates has been widely used to substantially increase 
the yield strength of many high strength low alloy (HSLA) steels [7-11]. The Nb(C,N) 
precipitation behavior and its strengthening effect have been studied extensively by both 
thermodynamic simulation models [12-14] and experimentally using transmission 
electron microscopy (TEM) and atom probe tomography (APT) [15-20]. Furthermore, it 
is increasingly recognized that the precipitation of Nb(C,N) starts from the formation of 
Nb-rich clusters that exhibit mono-atomic layer morphology similar to GP zones in A1 
alloys. However, the effect of these Nb-rich clusters on the mechanical properties of 
HSLA steels has not been studied. The second sub-project (Chapter 4) of this thesis 
addresses this problem by using Nb-microalloyed CASTRIP® steels as the model alloy 
and comparing the effectiveness of cluster strengthening to conventional nano-precipitate 
strengthening.
This section of literature review summarizes the current advances in the studies of Nb(C, 
N) precipitation in both modeling and experimental approaches. Since APT was a key 
technique to study the clustering of Nb atoms, relevant statistical and clustering analysis 
techniques are also discussed here.
1.3.1 Thermodynamic models ofNb(C, N) in ferrite
It is widely agreed that the nucleation and the initial growth stage of Nb(C, N) follows 
the Baker-Nutting relationship [21] as shown in Figure 1.3a. Fine Nb(C, N) precipitates 
have the NaCl crystal structure and exhibit the orientation relationship of [1 0 OJnikc, 
n)//[ 1 1 0]ferrite, and [0 0 1 ] ni>(C, n/ / [ 0  0 1 ]ferrite as shown in Figures 1.3b and c. It is worth 
noting that the Baker-Nutting orientation relationship also holds for other carbonitrides 
such as Ti(C, N) and V(C, N) that have the NaCl crystal structure [22-24]. In the model 
presented in Figure 1.3, Nb(C, N) is constrained and deformed in the ferrite matrix to 
form coherent precipitates, assuming for simplicity that there is no distortion of the 
matrix. Based on this model, the Nb(C, N) precipitate experiences 36% compression in 
the <0 0 1> direction and 9% compression in the <1 0 0> and <0 1 0> directions, where
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the lattice parameters of Nb(C, N) and ferrite are 0.447 nm 0.287 nm, respectively [13, 
14]. Due to the large deformation, especially in the <0 0 1> direction, it is expected that 
the precipitate will lose its coherency with the matrix rapidly. However, whether Nb(N, C) 
that is semi-coherent with the matrix precipitates directly, or there exits solute clusters 
[25-27] prior to precipitation is unknown.
Figure 1.3: (a) The lattice model for coherent Nb(C, N) in steel. The BCC lattice of ferrite iron 
corresponds to the yellow spheres; the constrained Nb (C, N) contains Nb in red spheres and C or N in 
white spheres; (b) the lattice model tilted to (1 10) and (c) (0 0 1) of ferrite Fe. (d) The coordinate systems 
of a-Fe and Nb(C, N) used in (a). The parallel planes/vectors are highlighted in red color [13, 14, 21]. 
(Image courtesy of P. Bao)
The precipitation of Nb(C, N) consists of nucléation and growth stages according to 
classical thermodynamic theories [15, 28]. The nucléation rate in a liquid-to-solid phase 
transformation is given as:
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AG* G.
exp(--------) exp(- — )
kT kT  J
where n * is the number of stable nuclei, vd is the frequency with which atoms attach to 
the nuclei from liquid, which is related to diffusion, K , is a constant that is related to the 
total number of nuclei, K 2 is a temperature-independent constant, K y is the number of
atoms on a nucleus surface, AG* is the Gibbs free energy threshold for nucléation (a 
function of surface free energy, melting temperature of the material, and latent heat of 
fusion), Qd is the activation energy for diffusion, k is the Boltzmann constant and T  is
temperature in Kelvin. If this theory is applied to the solid-to-solid precipitates formation, 
the following equation can be obtained [15]:
^  = N0Z*/3*  e x p [ - ^ p ] ( l  -  exp [-—]) 
at kT t
whereN 0is the number of possible nucléation site, Z*is the Zeldovich factor, f t *is a 
parameter that is determined by the concentration of Nb, diffusion coefficient of Nb in 
ferrite and the critical radius for Nb(C, N) nucleus, and r  is the incubation time.
The growth rate of the Nb(C, N) precipitates can be estimated by classical diffusion 
theory using Fick’s equation:
----= K3n * vd = K ,K 2K 3
dR _ Dm____ Cx C0
dt R C p(VM o
where Dm is the diffusion coefficient of Nb atoms in ferrite; Cp and C0 are
concentrations of Nb in precipitate and the initial stage uniform concentration of Nb in 
the steel, respectively.
The Monte Carlo simulation utilizes the above approach by basing the model on the 
atomistic diffusion kinetics, which involves the interstitial jumps of C/N and vacancy 
jumps of Fe and Nb [13, 14]. The jump frequencies for C/N to the next interstitial 
location and for Fe or Nb to the next substitution location (vacancy) are given by:
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where vA is the attempt frequency of the atom and AZs^is the activation energy of the 
jump (similar to Qd but not exactly the same). AEaA depends on the local atomic 
configuration (the interaction of an atom with the neighboring atoms).
Current precipitation simulation approaches such as Monte Carlo simulations are able to 
predict NbC precipitation in ferrite. Depending on the simulation conditions, early stage 
C segregation to dislocations and grain boundaries, transient precipitation of metastable 
cementite, homogeneous and heterogeneous can be predicted. However, experimental 
studies must be conducted to validate simulation results so that precipitation models that 
are based on diffusive phase transformation can be further improved.
1.3.2 Experimental observations of Nb( C, N) in ferrite
The nucleation and growth of Nb(C, N) has been studied extensively by many 
investigators, including Courtois et al. using conventional TEM (CTEM), high resolution 
TEM (HRTEM), energy filtered TEM (EFTEM), high angle annular dark filed (HAADF) 
imaging and electron energy loss spectroscopy (EELS) [17, 18]. These investigators 
observed that the first stage precipitation behavior of NbN is different from that of Nb(C, 
N). In a lightly aged Fe-Nb-C steel, very thin platelets with a FCC structure and a Baker- 
Nutting orientation relationship with the ferrite matrix are observed, as shown in Figure 
1.4a. Mono-atomic platelets were consistently observed in lightly aged Fe-Nb-C-N steel 
as shown in Figure 1.4b and energy dispersion x-ray spectroscopy (EDS) results provided 
evidence that the platelets are enriched in Nb and N. Platelets that exhibit a FCC structure, 
Baker-Nutting orientation relationship and were enriched in carbon were also observed, 
indicating Nb(C, N) precipitation along with NbN in Fe-Nb-C-N steel. Coarser 
precipitates of Nb(C, N) were also observed to obey the Baker-Nutting orientation 
relationship [17-19]. Figure 1.5 shows the HRTEM images of disc/lens shaped NbN that 
has [0  0  1 ]ferrite//[0  0  l]Nb<c, N) and [1 0  0]ferrite//[110]Nb(C, N>- EFTEM and dark-field 
techniques can also be employed to image coarser Nb(C, N) precipitates as shown in 
Figure 1.6 and 1.7. However, quantification of chemical composition determination using
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C and N in carbonitrides using EELS is very challenging. Firstly, precipitates have to be 
larger than ~6 nm to be analyzed due to the limited probe size. Secondly, interstitial 
solute atoms such C and N can be knocked out due to the incident electron beam damage, 
facilitating a measurement of non-stoichiometry in metallic carbides. This impediment to
the accurate chemical composition measurement can be overcome by the use of atom 
probe tomography (APT).
Figure 1.4: [1 0  0 ]ferrite HRTEM images of (a) Nb-C rich platelet in Fe-Nb-C steel, (b) Nb-N rich mono- 
atomic platelet in Fe-Nb-C-N steel (indicated by the white arrow) and (c) Nb-C-N rich platelet in Fe-Nb-C- 
N steel. Platelets were observed to be compatible with FCC structure in the Baker-Nutting relationship with 
respect to ferrite matrix. Fast Fourier Transform (FFT) of HRTEM images is also provided [18]. (Images 
reproduced from E. Courtois et al. Micron 37 (2006)).
Figure 1.5: <1 0 0>ferrite HRTEM images of (a) side view and (b) the top view of a lens-shaped Nb(C, N) 
precipitate. Morie fringes are visible in both images due to the mismatch of precipitate lattice with the 
matrix lattice. The indexing of diffractogram from FFT confirms the Baker-Nutting orientation relationship 
[18]. (Images were reproduced from E. Courtois et al. Micron 37 (2006)).
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Figure 1.6: EFTEM imaging of a Nb(C, N) in ferrite; (a) elastic image, (b) Fe-M2,3 negative image and (c) 
Nb2.3 image [18]. (Images were reproduced from E. Courtois et al. Micron 37 (2006)).
Figure 1.7: (a) Bright field image of Nb(C, N) precipitates extracted on A120 3 amorphous thin film; (b) the 
corresponding HAADF image. Notice that precipitate 3 and 4 gives poor contrast in the replica but can be 
clearly identified using HAADF; (c) bright filed image showing dispersion of Nb(C, N) in the ferrite matrix 
and (d) the corresponding dark filed image using the (2 0 0)Nb(C, n> spot, precipitation along dislocation is 
highlighted [18, 19]. (Images were reproduced from E. Courtois et al. Micron 37 (2006) and F. Perrard etal. 
Philosophical Magazine 86 (2006)).
22
Early stages of NbC and NbN precipitation in ferrite have also been studied using APT 
and Field Ion Microscopy (FIM) by Danoix et al. [20, 29, 30]. It was reported that in Fe- 
Nb-C steel, the precipitation sequence starts by forming C and Nb rich atmosphere as 
shown in Figure 1.8, with C/Nb about 2.8. When ageing proceeds, the ratio starts to 
approach to unity. In the Fe-Nb-C-N steel, mono-atomic NbN platelets were observed, 
with no clear evidence of a N and Nb atmosphere as a precursor. The mono-atomic NbN 
features observed from FIM (Figure 1.9) agree well with the observations made in 
HRTEM studies [17, 18]. In our study, similar Nb-rich GP zone-like features were also 
observed in the Nb-microalloyed CASTRIP® steels at peak hardness after heat treatment. 
Furthermore, the strengthening effect of these ultra-fine features in HSLA steels was 
investigated in Chapter 4 of this thesis.
5&2xlO mu1 O C  A INb Fe
Figure 1.8: 3D reconstruction of a small volume in the Fe-Nb-C steel aged at 600°C for 5 min, showing C 
and Nb atmosphere [20]. (Image was reproduced from Danoix etal. Adv Eng Mat, 8 (2006)).
Figure 1.9: Mono-atomic NbN platelet (indicated by white arrows) observed in a (1 10) oriented field ion 
micrograph in the lightly aged Fe-Nb-C-N steel [20]. (Image was reproduced from Danoix et al. Adv Eng 
Mat, 8 (2006)).
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1.3.3 Current Data Analysis Techniques in Atom Probe Tomography (APT)
In order to quantitatively investigate the characteristics of Nb(C,N) cluster/precipitates in 
the CASTRIP® steels using atom probe data, two types of analyses are generally 
undertaken - 1) statistical analysis and 2) clustering analysis. The statistical analysis 
compares a random distribution of Nb atoms in a ferrite matrix to the existing distribution 
to verify the presence of Nb clusters/precipitates. If the Nb solute atoms are distributed in 
a non-random fashion, the clustering analysis is then applied identify Nb 
clusters/precipitates from Nb atoms that stay in solid solution in the matrix. The cluster 
analysis method adopted in this thesis is the core-linkage algorithm [31]. This technique 
provides insight into cluster sizes, compositions and number densities, so that the effect 
of a cluster dispersion on CASTRIP® steel mechanical properties can be assessed.
A binomial analysis method can be used to test the randomness of the distribution of a 
single species of solute atoms. The randomness of solute atoms in the supersaturated 
solid solution (SSSS) is higher than the same solute atoms but present in clusters and 
precipitates in a given chemical composition. In a binomial analysis, the experimental 
concentration frequency of a single species solute atoms (Nb and NbN in this case) is 
compared to the binomial distribution that approximates a random distribution. Solute 
clusters and precipitates in a material can be indicated by a broader/narrower frequency 
distribution, peak shift and multiple peaks of such solute species in the experimental data 
in comparison to binomial distribution [32].
When performing binomial analysis, the APT data is divided into blocks containing a 
constant number of atoms (both matrix and solute). The expected number of blocks with 
/solute atoms F(i) can be expressed as
F(i) = nFP(i,Nh) = N
r n ^
V I J
p ‘qNh 1 = N
N3
b ~  p lqNb 1
where nF is the total number of blocks, P(i, Nb) is the probability of detecting i solute
atoms in each block, Nh is the number of atoms per block (the block size), p  is the 
success probability in Bernoulli trial, and q = 1 -  p  [32].
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A Chi-square statistical test is then performed to test the null hypothesis that there is no 
self-interaction of one species of solute atoms by comparing the observed X  with the 
binomial x 1 • The X2 for the experimental data is defined as
v2 vHO'CO-F’Ci))2
x =h W )
where F'(i) and O'(/) is the expected and observed occurrences respectively, ri is the 
number of classes. The observed X  is then compared to the binomial x  f°r sufficiently 
large data sets. The null hypothesis for the test is that the observed distribution is random 
and it is rejected if the value of X  exceeds the a%  percentile o f^  with n '-\ degrees of 
freedom [32].
However, direct comparison of different data sets is difficult via a x 2 test is difficult due 
to the variation of sample size and different degrees of freedom, so a normalized 
parameter, the contingency coefficient ( / / )  is introduced:
M =
N + x 2
The contingency coefficient is independent of the sample size and its value is in the range 
of 0 and 1, where 0 indicates a random distribution and 1 indicates a complete association 
in the occurrence of the solute atoms [33].
Statistical analysis tools such as binomial analyses provide information on the 
randomness of a data set. Knowing that the solute distribution is non-random, it is then 
necessary to apply a cluster/precipitate-finding algorithm (i.e. core-linkage algorithm in 
this thesis) to further characterize the clusters/precipitates and to explore their effects on 
the material’s macroscopic mechanical properties.
The core-linkage algorithm combines the fundamental elements of the conventional 
maximum separation method with density-based analyses [31, 34, 35]. The operation 
core-linkage algorithm involves a core-defining step and then a linkage-step. The core-
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step identifies clustered regions by filtering out the matrix solute atoms. This step is 
identical to the conventional maximum separation method in that a critical distance d max
between solute atoms is assigned. The values of d maxcan be expressed in the unit of
nearest neighbors (NN). In an arbitrary example, solute atoms that are within the INN, 
5NN and 12NN are included in the dotted circles as shown in Figure 1.10 [31].
Figure 1.10: The identification of the nearest neighbors from one central solute atom to the surrounding 
solute atoms. The solvent atoms are ignored [31]. (Image courtesy of L. Stephenson)
The solute atoms that have distances smaller than dmax are identified as 
clusters/precipitates, whilst the rest are regarded as the surrounding matrix [35]. Different 
values of d max chosen by the user yield different output of identified clusters/precipitates
as shown in Figure 1.11. A minimum number of atoms per feature ( N mm) is usually 
assigned to exclude the features that have atom numbers that are less than N mm.
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Figure 1.11: The identification of clusters using the maximum separation algorithm, different values of 
d max are used [31]. (Image courtesy of L. Stephenson)
Determination of the d max value is carried out by comparing the experimental atom probe
data with randomly labeled data [36]. The distances between each core atom and the 
surrounding target atoms that are within the predefined nearest neighbor (say Mg atoms 
with 5 atoms as near neighbor in the example below) from the experimental data were 
summarized and plotted in histogram against the randomly labeled data as shown in 
Figure 1.12 a. A cumulative frequency histogram is then plotted. The value of d maxthat is
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to be used in the core-linkage analysis is where the difference between the experimental 
and random cumulative frequency is the largest as shown in Figure 1.12 b [31, 36].
Figure 1.12: (a) Frequency histogram and (b) accumulative frequency histogram of Mg core atoms and the 
other solute atoms in an A1 6111 alloy aged at 90°C for 24 hours (Image courtesy of S. Li) [36].
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The core-linkage algorithm then extends the concepts of the maximum separation 
algorithm by introducing an additional parameter d link. In the linkage-step, the clusters of
atoms that have distances smaller than <imax are identified as cores and these core clusters
of atoms are linked with d link are then encapsulated into one cluster as shown in Figure
1.13 [31]. The value of dlink is independent o fd maxand a heuristic approach should be
used to confirm the analysis against a visual inspection of the data sets with large 
precipitates.
Figure 1.13: The identification of clusters using the core-linkage algorithm, different values of dmax and 
d u n k  are used [31]. (Image courtesy of L. Stephenson)
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Information about the cluster/precipitate size (in terms of number density), chemical 
composition and morphology (determined by aspect ratio) can be generated from the 
core-linkage algorithm. Figure 1.14 highlights the visual difference between the results 
obtained from the maximum separation method and the core-linkage algorithm in an Al- 
1.9Zn-1.7Mg (at.%) alloy aged at 150°C for 1 hour atom probe data set.
Figure 1.14: The difference of applying maximum separation method (left) and core-linkage method (right) 
on the same atom probe data set with minimum cluster size as 2 atoms. The enlarged boxes are 16x16x16 
nm3 [31]. (Image courtesy of L. Stephenson)
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1.4 Nitrogen Strengthening of Ferritic Steels
Nitriding is one of the most commonly used techniques to improve the surface hardness, 
fatigue life, tribological properties and corrosion resistance of steel components [37-43]. 
The overall strengthening is generally not significant due to the large size and thickness 
of the components. However, when the steel is in thin sheet form, strengthening from the 
nitrogen diffusion layer cannot be overlooked. The third sub-project of this thesis 
(Chapter 5) investigated the effect of nitriding on the microstructure and mechanical 
properties of a Nb-microalloyed CASTRIP® steel.
It was also noticed that artifacts were present in the atom probe data that deteriorated the 
data quality when using voltage-pulsed APT to study the microstructure of nitrided steels. 
This had not previously been observed for normal HSLA steels. This section of literature 
review summarizes advances in the application of laser-pulsed APT, an alternative 
technique that potentially improves the quality of atom probe data from nitrided steels (as 
well as other steels with high amount of interstitial solutes) along with some recent steel 
nitriding work done by other research groups.
1.4.1 The application of atom probe to study nitrided steels
It has already been mentioned that the N-diffusion layer of HSLA steels is of particular 
engineering interest. In the N-diffusion layer of a Nb-microalloyed steel, small amounts 
of added N strengthen the steel by the formation of ultra-fine NbN clusters dispersion and 
through solid solution strengthening from N that stays in the Fe matrix. APT is one 
advanced technique to study those ultra-fine features at the near-atomic resolution level, 
which are challenging to investigate using TEM [20, 25, 27, 32, 35, 44-49]. Elemental 
and spatial information about clusters can be resolved in three dimensions. Cluster size 
distribution and cluster chemical composition can be extracted from 3D atom maps 
quantitatively through delicate data mining techniques [31, 32, 50]. This makes APT an 
attractive tool to study the clustering such as chromium nitride [51, 52] by Jessner et al. 
and Takahashi et al. and NbN in the nitrided Nb-microalloyed steel in this study.
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However, one challenge for the use of atom probe to study nitrided steels is that the 
quality of mass spectrum deteriorates as the content of N in steel increases as shown in 
Figure 1.15, which imposes inaccuracies in chemical analysis and cluster data mining. 
This is evidenced by the presence of a big hump after Fe2+ peaks from the nitrided steel 
runs. The hump is especially problematic for the analysis of Nb as the Nb3+ peak is 
buried under the hump of Fe2+ peak, which not only overestimates the Nb content in the 
material but also could misrepresent the clustering statistics.
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Figure 1.15: Comparison of the mass spectra of N-free, low N and high N steels under voltage pulsing 
using 25% pulse fraction at ~20 K.
Pulsed laser atom probe (PLAP) is considered to overcome the problem. Generally 
speaking, PLAP provides better mass resolution compared to pulsed voltage atom probe. 
However, too low or too high laser energies should be avoided in order to obtain a good 
mass spectrum. If the laser energy is too low, a high background noise level and a long 
tail after Fe2+ peaks from uncontrolled dc evaporation can be observed [53]. High laser 
energies can also deteriorate the mass resolution. The field evaporation of materials in 
laser mode is considered to be predominantly a thermal heating effect even using
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femtosecond lasers [54]. Higher laser energies lead to higher heating. The temperature 
rise can be as high as few hundred Kelvin. The mass resolution is highly dependent on 
the rate that the tip cools down. Heat dissipation is difficult for materials with low 
thermal diffusivity and relatively small shank angles so that atoms form surface of the tip 
are still evaporating between laser pulses, leading to high noise levels and a long tail after 
major peaks.
Another concern regarding the application of PLAP is the deterioration of spatial 
resolution. Research work done by Gault et a l on pure A1 and W [55] showed that 
increasing laser energy deteriorates x-y spatial resolution of atom probe data substantially. 
Lateral resolution was quantitatively assessed using x-y spatial distribution maps (SDM) 
as shown in Figure 1.16. It was believed that the degradation of data quality is the result 
of surface migration process.
z (nm)
Figure 1.16: SDMs for Al (002) (a) z-SDM, (b) x-y SDM obtained in voltage pulsing mode, (c) x-y SDM 
in laser mode at 2.15% PFeff and (d) ) x-y SDM in laser mode at 10.5% PFeff[55]. (Image reproduced from 
Gault et al., Journal of Applied Physics, 108 (2010))
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7.4.2 Nit riding of HSLA steels
Thin steel sheets with a combination of strength and ductility have attracted considerable 
interest from construction and automotive industries. As mentioned earlier in this chapter, 
nitriding can improve the surface hardness, yield strength, fatigue life, tribological 
properties and corrosion resistance of steels. Nitrogen is thought to be a superior 
interstitial element to carbon as it has 5 times higher solubility in ferrite than carbon at 
room temperature [56]. This increases its solid solution strengthening potential and 
reduces the formation of precipitates; especially the coarse grain boundary precipitates 
that contribute to brittle fracture of steels. Various techniques such as salt bath nitriding 
[57-59], gas nitriding [60, 61], laser nitriding [62] and plasma nitriding [63, 64] have 
been developed to nitride steels. Amongst the techniques mentioned above, salt bath 
nitriding is one of the most conventional methods to induce nitrogen element diffusion 
into thin steel sheets without the involvement of complex instruments. Using salt bath 
nitriding, KNO3 starts to decompose about 500 °C into potassium oxide, oxygen and 
nitrogen/nitrogen oxide. Oxygen reacts with the steel surface to form scale, whilst 
nitrogen diffuses into steel. Shen et al. have demonstrated that nitriding of interstitial free 
steel in KNO3 increases yield strength of steels substantially at the expense of ductility 
[57-59].
Nitriding is usually performed on pure a-iron between 500 and 590 °C and consequently 
no phase transformation takes place upon cooling. Nitriding strengthens ferritic steels via 
two mechanisms -  initially N atoms locate themselves interstitially among Fe matrix 
which leads to solid solution strengthening. Excess nitrogen leads to the formation of y’- 
Fe4N precipitates that result in dispersion strengthening. Figure 1.17 depicts the Fe-N 
phase transformation diagram.
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Figure 1.17: Fe-N phase transformation diagram [65]. (Image was reproduced from Sinha, Physical 
Metallurgy Handbook, McGraw-Hill (2003))
However, nitriding of pure a-iron is rare in everyday engineering applications. A lot of 
effort has been devoted to study the effect of nitriding on HSLA steels [51, 52, 66-69]. 
Elements such as Cr, V, Mn and A1 are common alloying elements in HSLA steels. They 
are also strong nitride formers that further strengthen the steels via dispersion 
strengthening by forming ultrafine nitride precipitates/clusters even below the solubility 
limit of N in Fe. Generally, these nitride precipitates are platelet-like in geometry, 
following either a Baker-Nutting orientation relationship or a Bain orientation 
relationship [51, 66, 68] as shown in Figure 1.18. In a more complex system such as the 
Fe-Cr-Cu system, the precipitation behavior upon nitriding is more complicated. Figure 
1.19 shows that both spherical Cu rich precipitates and platelet like CrN were present in 
this sysntem. Cu precipitates were observed to form first and they serve as heterogeneous 
nucleation sites for CrN precipitation during nitriding [52].
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Figure 1.18: (a) & (b) Dark field images (electron-beam direction, z = [001 ]a -Fe) as obtained from the 
intensity of the streak area selected by the aperture shown in SADP for two Fe-Cr-Al specimens, (c) 
Superpositioned schematic SADPs for the three variants of Bain orientation relationship [68]. (Image 
reproduced from Jung et al., Surface & Coating Technology, 204 (2010))
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Figure 1.19: 3D atom maps of a nitrided Fe-Cr-Cu alloy with Cu, Cr and CrN2+ displayed [52]. (Image 
reproduced from Takahashi et al., Surface and Interface Analysis, 39 (2007))
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1.5 Nano-mechanics investigations using in situ nano-compression in the 
TEM
The advent of in situ nano-compression and nano-tensile tester inside TEM provides a 
platform that allows researcher to gain insight into nano-mechanics of various materials. 
One unique advantage of using such technique is that the deformation of the nano­
component observation (e.g. dislocation flows, slip band formation etc.) can be directly 
correlated to the stress-strain curve derived from a force-displacement signal picked up 
by a piezo-electric transducer. In situ nanoindentation has been increasingly used to study 
the stress flow, deformation mechanisms and failure mode of materials at the nano-scale 
[70, 71]. However, most of the nano-mechanics investigations so far have been limited to 
pure materials. The mechanical behavior of systems other than single phase pure nano­
scale materials remains relatively unexplored territory. For example, a cluster dispersion 
is known to be a very potent strengthening agent in bulk materials, but its effect on nano­
scale materials has never been explored. The fourth sub-project of the thesis (Chapter 6) 
investigates the effect of a fine dispersion of Nb-rich clusters on the nano-mechanics of 
materials using the clustered CASTRIP® steel (described in Chapter 4) as a model 
material.
This section of literature review covers the current understanding of size dependent 
strengthening of FCC, BCC and HCP materials and the effect of stacking fault tetrahedral 
dispersion (similar to cluster dispersion but not exactly the same) on the deformation 
behavior of Cu nano-pillars.
37
1.5.1 Size Effect -  Smaller is Stronger
The strength of a material is affected by its sample size. This correlation is especially 
pronounced when material is at submicron sizes, and can be described as a ‘smaller is 
stronger’ trend [72]. The strength at the submicron scale appears to follow an empirical 
power law, scaling with D a, where D is the diameter of the nano-pillar and a is a 
material-dependent constant. Figure 1.20a shows the stress-strain behavior of <001>- 
oriented Au pillars. It is clear that the flow stresses increase significantly as the pillar 
diameter is reduced [73]. Figure 1.20b shows that the flow stress and pillar diameter 
display a linear correlation on a double log plot, with the a value about 1 [70, 73].
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Figure 1.20: (a) Stress-strain behavior of <001> Au pillars with diameters ranging from 290 to 7450 nm 
and (b) the flow stress versus pillar diameter for Au pillars processed and treated in various conditions [73]. 
(Image reproduced from Greer et a i, Physical Review B, 73 (2006))
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One of the mechanisms to explain the extraordinary strength and hardening observed in 
materials at a very small scale is mechanical annealing. Conventionally, when a 
substantial amount of external work is done to a material at the macro-scale, some of the 
energy is stored inside the material through an increased dislocation density. This is 
referred to as ‘strain-hardening’. However, when the size of the material is reduced to ~ 
200 nm, plastic deformation from external work clears the pre-existing dislocations by 
driving them to the sample surface, leaving a nearly defect free material that approaches 
its ideal strength. This mechanism was experimentally proved by Shan et al. [74] for the 
first time. They showed that a Ni single crystal had high dislocation density before the in 
situ compression test. However, when using a diamond flat punch to plastically deform 
the nano-pillar, the dislocation density decreases substantially, and in some cases, a 
dislocation free pillar can be obtained, as shown in Figure 1.21 [74]. Traditionally, the 
dislocation density of a crystalline material increases when it is plastically deformed and 
a harder/stronger material is results. However, when a nano-scale material is deformed, 
there is competition between dislocation nucleation rate and dislocation annihilation rate. 
Eventually, the dislocation nucleation sources become exhausted and a deformed but 
dislocation free pillar was observed. However, as the pillar size increases, the dislocation 
nucleation becomes more dominant and the corresponding strength reduces [74],
Figure 1.21: Dark-field TEM image of the pillar (a) before and (b) after the test; note the initial dislocation 
density [74], (Image was reproduced from Shan et al. Nat Mat, 7 (2008))
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It is known that the deformation of BCC materials is different from that of FCC materials. 
Firstly, dislocation motion in BCC materials occurs on various slip systems, resulting in 
wavy slip bands. Secondly, the mobility of screw dislocation in BCC materials is slower 
than edge dislocations due to their nonplanar core structure and the need to overcome the 
Peierls potential by thermal activation. At sub-micron scale, the yield strength of FCC
nanopillars displays a relationship cryield oc D 0 6 to 10 with the pillar diameter (D), 
whereas the BCC pillars exhibit a much less pronounced size effect with 
<Jyield oc D A ) 2 2 045 [70, 75-80]. Plastic deformation on FCC nanopillars generally leads
to a relatively dislocation free structure, whilst dislocation pileups and entanglement have 
been observed in the post-deformed BCC nanopillars [70, 71],
With the improvement on the stability and resolution of focused ion beam (FIB) 
microscopy, pillar sizes as small as 80 nm can be fabricated. This enables the 
investigation and provides the insight into nano-mechanics of both FCC and BCC 
materials in a size regime that has never previously been achieved. A recent study carried 
out by Hung et al. showed that mechanical annealing is also possible for BCC materials 
by iti situ nano-compression on Mo nanopillars with diameter of 142 nm [81]. Figure
1.22 shows the mechanical annealing during the in situ nano-compression test of a typical 
Mo nanopillar. The apparent dislocation density reduces during the course of 
compression. As the pillar size increases, the strength decreases dramatically as shown in 
Fig 1.23 a-b. However, the size strengthening scaling factor a is not a single value (Fig
1.23 c), as has been reported previously. Instead, it appears to consist of two regimes, 
with a pillar diameter of 200 nm as the critical diameter. The a value is close to 1 for 
pillars smaller than 200 nm and only ~0.3 for pillars larger than 200 nm. This observation 
suggests that at sufficiently small scale, the deformation of BCC can become FCC-like so 
that dislocations can escape to the sample surface and annihilate upon plastic deformation. 
Mechanical annealing is dominant, leading to a high a value. However, for pillars with 
sizes larger than the critical diameter, plastic deformation is carried out by dislocation 
multiplication, resulting in a relatively low a value.
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Figure 1.22: Bright field TEM images showing the deformation of a Mo nanopillar, (a)-(e) correspond to 
the marked points in (e). Scale bar in each figure represents 100 nm [81]. (Image was reproduced from 
Huang et al. Nat Com, 2 (2011))
Engineering strain (%) Engineering strain (%)
Figure 1.23: (a) Representative engineering stress-strain curves of Mo nanopillars of diameters < 200 nm, 
including 80 nm (red), 120 nm (blue), 172 nm (orange) and 185 nm (purple), (b) diameter D > 200 nm, 
including 268 nm (green), 369 nm (blue), 463 nm (yellow), 607 nm (red), and 1,200 nm (purple) and (c) 
double-log plot showing different a values [81]. (Image was reproduced from Huang et al. Nat Com, 2 
(2011))
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Interestingly, not only strength, but sometimes also the deformation mechanism can be 
controlled by sample size. At room temperature, material is usually plastically deformed 
by two mechanisms -  ordinary dislocation plasticity and deformation twinning. Twinning 
is more commonly observed in hexagonal-close-packed materials than cubic structures 
due to the limited number of low energy slip systems. In ordinary dislocation plasticity, 
inelastic shear activities are randomly dispersed among slip planes. Whilst in a twinning 
system, deformation is achieved by perfectly correlated plane-by-plane shearing of 
adjacent parallel planes that have the same Burgers vector [82]. AN interesting 
observation was that pillars that are of micron size deformed dominantly by twinning, 
whilst sub-micron pillars deformed into a mushroom-head shape without apparent strain 
busts, which indicates ordinary dislocation plasticity as shown in Figure 1.24. This 
observation highlighted the role of sample size in deformation mechanisms and broadens 
our understanding of size dependence for relevant applications [83].
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Figure 1.24: (a) SEM image of a a-Ti nano-pillar deformed by twinning after [0001 ] compression and (b) a 
dark-field TEM image of a pillar with smaller size from the same material under the same compression 
deformed by ordinary plastic flow [83]. (Image was reproduced from Yu et al. Nat, 463 (2010))
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1.5.2 Effect of stacking fault tetrahedral dispersion on the deformation 
mechanism of Cu nano-pillars
Most current nano-mechanics work has been performed on single crystal pure materials. 
Strength measurements for nano-scale specimens with dispersions of defects other than 
dislocations have not been previously performed until quite recently. In the study carried 
out by Kiener et al., in situ nanocompression was performed on radiation damaged (100) 
Cu single crystal compared to the one without been irradiated [84]. The proton beam 
radiation induces a fine dispersion of stacking fault tetragonals (SFTs) 0.5 to 2.5 nm in 
size. When deforming small pillars (e.g. 130 nm in diameter) most of the defects (i.e. 
dislocations and SFTs) were annihilated in the deformed region whilst these defects 
remained in the undeformed region (outlined), as shown in Fig 1.25. However, when 
deforming relatively large pillars (e.g. 788 nm in diameter), most of the SFT retained as 
shown in Fig 1.26. This indicates that different mechanisms govern the deformation of 
irradiated Cu nanopillars. Indeed, the double log plot of stress and sample size appeared 
to be two regions as shown in Fig 2.17. For samples less than 400 nm, the deformation of 
irradiated Cu nanopillars resulted from dislocation source limitation, similar to that of 
unirradiated ones. For samples larger than 400 nm, the deformation of irradiated Cu 
nanopillars was controlled by dislocation-irradiation defect interactions, and the yield 
strength appeared to be independent of sample size [84].
Figure 1.25: Dark field image of a deformed irradiated (100) Cu specimen with 130 nm diameters [84]. 
(Image was reproduced from Kiener et al. Nat Mat, 10 (2011))
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Figure 1.26: (a) Low magnification TEM image of post deformed irradiated Cu pillar of 788 nm in 
diameter and (b) the corresponding HRTEM image showing the presence of SFT along the (110) projection 
[84]. (Image was reproduced from Kiener et al. Nat Mat, 10 (2011))
Figure 1.27: Size-dependent yield stress for (100) irradiated and un irradiated Cu nano-compressive 
samples [84]. (Image was reproduced from Kiener et al. Nat Mat, 10 (2011))
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Chapter 2 -  Aims and Scope of this Thesis
The general aim of this thesis is to investigate the effect of Nb-rich clusters on steel 
mechanical properties at both macro- (of industry interest) and nano-scale (currently of 
fundamental scientific research interest). The specific aims of this thesis are as follows.
1. To understand the roles of Nb microalloying additions to the microstructure and 
mechanical properties of CASTRIP® steels.
2. To design CASTRIP® steels with higher strength and retained ductility via Nb- 
rich cluster dispersion strengthening.
3. To design CASTRIP® steels with higher strength and retained ductility via 
nitriding.
4. To investigate the effect of a cluster dispersion on the mechanical properties of 
metallic nanopillars using clusters strengthened CASTRIP® steels as a model 
alloy.
The structure of the thesis is designed to address above aims accordingly. Chapter 3 of 
the thesis studied the effect of Nb microalloying in the CASTRIP® steels. The addition of 
Nb as solid solution in the ferrite matrix provides the seeds for clusters. Chapter 4 
discussed the growth of Nb-rich clusters to strengthen the steel via appropriate heat 
treatment without changing the overall alloy composition. Chapters 5 explored the 
cluster and precipitation strengthening in the steel when the steel picks up nitrogen via 
salt bath nitriding. These four chapters have strong industrial incentives in that the aim is 
to develop CASTRIP® steels with combination of high strength and good ductility. On 
the other hand, the final chapter more focuses on the fundamental mechanism on the 
interaction of dislocations and clusters in a confined volume. Chapter 6 aims to tackle 
the most challenging problem in this thesis -  investigating the roles of clusters on ferrite 
nano-mechanics by performing in situ nano-compression on cluster-free and cluster 
dispersed nano-pillars fabricated from CASTRIP® steels.
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Chapter 3 -Characterization of the Microstructure of 
As-received CASTRIP® Steels
This chapter contains an investigation into the evolution of microstructure and 
mechanical properties of CASTRIP® steels as Nb microalloying content increases up to 
0.084 wt.%. Nb-microalloying additions strengthened the steel substantially. Optical 
metallogrpahy and TEM results revealed that the strengthening is attributed mainly to 
grain refinement. APT results showed the presence of some Nb-rich solute clusters whilst 
most of Nb atoms stay in the matrix as super-saturated solid solution.
In the paper titled ‘The effect niobium additions on ferrite formation in CASTRIP® steel’, 
published in Materials Forum, the author of this thesis collected some of the data for the 
results and contributed to the interpretation of the results. In the paper titled ‘Effect of Nb 
microalloying and hot rolling on microstructure and properties of ultra-thin cast strip 
steels produced by the CASTRIP® process’, published in Metallurgical and Materials 
Transactions A, the author of this thesis measured the hardness values, obtained optical 
and TEM images, interpreted the results and was the primary writer of the manuscript. 
This paper was one of only a few articles in 2010 selected by the editors as a feature 
article for open access on their website.
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ABSTRACT
The relationship between niobium concentration, inicrostructure and mechanical pioperties has been studied in a production 
grade and microalloyed low carbon. Mn-Si Ultra-Thin Cast Strip (UCSI steels, produced by the CASTRIP0* process. An 
increase in niobium concentration corresponds to a ferrite grain refinement and an increase in yield strength of over 30% 
Increases in yield strength have commonly been associated with either gram refinement, solid solution 01 piecipilale 
strengthening, however transmission electron microscopy (TEM) of these UCS steels provide no clear evidence of Nb- 
based precipitate formation It is therefore thought that strength enhancements ate primarily a result of grain refinement, 
where this occurs due to the enhanced hardenability of the Nb bearing steel, where the addition ofNb results in a lower 
transformation temperature, leading to a much filter and more acicular ferrite morphology.
I. INTRODUCTION
Strengthening mechanisms including work hardening, 
solid solution strengthening, grain refinement and 
precipitate strengthening have been studied extensively 
over the past century in an effort to continuously improve 
the properties of steels. Increased demand for 
applications from construction, automotive, pipeline and 
pressure-vessel industries has accentuated the need for 
materials with a combination of strength and toughness 
The influence of grain refinement has been designated as 
the key criterion for producing a good combination of 
mechanical properties according to the Hnll-Peteh 
effect.1’ This relates the yield stress to,) to the grain 
diameter (rf) according to
1
cr, = <t,j + kd 1 (11
where oq and k arc constants. Typically varying 
production processes including rolling temperature, time 
and roll reduction can induce grain refinement, however 
compositional variations may also influence the gram 
size The latter effect is observed in high-strength lorv- 
alloy (ITSLA) steels, in which significant strength 
enhancements are observed due to grain size refinement.
In conventional steel castings containing the 
microalloving additions of Nb, V and Ti. carbonilride 
precipitates are commonly observed. These precipitates 
have been associated with grain refinement due to 
pinning of the austenite boundaries representing a
pathway to increase strength Precipitates are also 
possible nucléation sites for aciculai feiritc. whose 
interlocking nature and ability to pm dislocations is 
thought to be responsible for sigtiftcant improvements in 
die strength of a steel. 0 Much work has been carried out 
on the effect of austenite recrystalli/ntion and its 
influence on gram size. Researchers have shown that by 
retarding the recrystallization of austenite, either by 
solute drag or strain-induced precipitation.1 * the 
austenite gain boundaries per unit volume are 
maximised providing picfcreutial nucléation sites and 
therefore optimal feuite refinement. While many 
investigators have looked into the effect of 
thermomechnnical treatments on gam refinement and 
mechanical properties, information on the role of 
composition is less widely available
The CASTRIP® process is a revolutionary new twin- 
rolling technique foi manufacturing strip cast steels, 
which compared to traditional casting requires less 
energy, time and spare, while maintaining an increased 
output Presently, only a base low'-carbon steel grade is 
manufactured commercially using this process, however 
the influence of mtcroalloying additions is being 
explored. A significant variation between conventional 
casting and the CASTRIP process is the rale of 
solidification While conventional casting tins a 
solidification rate in die time regime of minutes. UCS 
produced using the CASTRIP process are completely 
solidified within a fraction o f a second This variation is 
thought to have significant implications on the resultant 
microstructure
9
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CASTRIPSj is the registered trade mark ofC'astrip LLC
Table 1. Chemical composition of the steel used in the investigation (wt.%)
Low-C 
Nb Free
0 034 0 99 0 2 0 001 0 028 0 0 4 0 011 0 056 0 008 0  006 < 0  002 0 0081
Low Nb 0 038 0 87 0.24 0 026 0.021 0 034 0 007 0 054 0 0 1 0 002 < 0 003 0 0051
High Nb 0 037 0 93 0 2 8 0 065 0 0 2 8 0 0 4 2 0 009 0 063 0 008 < 0 003 < 0 0 0 2 0 007
2. MATERIALS AND METHODS
Ultra-thin c;tsl strip (UC'S) coils of a low-carbon 
manganese-silicon steel and two additional variations of 
Nb inicroalloyed steels were produced using the 
CASTRIP process, as hits been described in detail 
elsewhere.'0" Three samples were compared One 
sample was a production grade steel that did not contain 
the microalloyitig addition, Nb. The two other samples 
contained 0.026 and 0 065%Nb, respectively Details of 
the chemical composition of these steels are given in 
Table I. The yield strength was determined using 
uniaxial tensile tests and acquiting stress-strain curses 
for each sample. The yield strengths were 386 MPa. 424 
MPa and 503 MPa. respectively.
Samples of the steel approximately I cm were 
embedded in an epoxy resin at room temperature and 
then mechanically polished with silicon carbide abrasive 
paper down to a grit size of 1200. A colloidal suspension 
down to I pin grit was used for fine polishing to 
minimise snatches across the surface To observe grain 
size and morphology, a 2% nital etch was applied for 
approximately 30 seconds. The metallographic 
information was acquired using an Olympus RX6I 
refected light microscope
The microstructure of these samples was analysed using 
a JEOL 3000F TF.M operating at 300kV. The specimens 
were prepared using a mechanical polishing method, and 
then thinned to electron transparency using the "H-bar" 
technique in a FEI Quanta 200 focused ion beam (FIB).
3. RESULTS
The microstructures of samples that had undergone -35% 
inline hot rolling reduction, at a rolling temperature of 
between 880-950°C and a coiling temperature between 
500-620°C were compared using light optical
microscopy The microstructure of the Nb free steel is 
provided in Figure I and consists of ferrite grains in a 
predominantly blocky morphology' (hough both 
polygonal equiaxed and occasional acicular
morphologies were observed The gram sizes ranged 
between approximately 20-50 tun.
Very fine islands of pearlite were also observed 
uniformly throughout the microstructure These are seen 
as dark regions in Figure I where the details of the 
pearlite structure remain unresolved under these imaging 
conditions
Figure I. Light optical micrograph of low C Mn-Si UCS 
steel.
Typical examples of the microstructure of the Nb 
microalloyed UCS steels are provided in Figs.2 and 3 
(0 026% and 0.065% Nb respectively). It is clear that the 
addition of Nb has resulted in a finer and more acicular 
ferrite microstructure. These microstructures consist of a 
variety of fine scale ferrite products including irregular 
blocky grain morphologies. Widmanstatten laths and. 
predominantly, acicular ferrite. Some unresolved pearlite 
was observed in the 0.026%Nb steel. Figure 2. The 
ferrite morphologies in these Nb containing steels is 
particularly interesting because there exists more 
curvature in the acicular laths than that usually associated 
with acicular ferrite.
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Figure 2. Light optical micrograph of microalloyed UCS 
steel with 0.026% Nb
Figure J. Liglit optical micrograph of microalloyed IK'S 
steel with 0.065% Nb
Ftguie 4 is a bright field-dark field pair of TEM images 
Several ferrite grains are included in the field of view 
each at a unique orientation and diffraction condition 
Fine scale speckled contrast is visible in some grains 
Systematic tilting experiments were undertaken in order 
to carefully observe changes in contrast m these regions 
These initial experiments lead us to conclude that this 
contrast is not from discrete second phase precipitates, 
bul rather it originates ftom point defects and 
dislocations within the ferrite Further work is in 
progress.
Figure 4. Bright field-dark field TF.M micrograph of 
microalloyed UCS steel with 0.026% Nb
4. DISCUSSION
For decades it has been known that niobium additions 
strengthen steels, however the exact nature of this 
strengthening mechanism is a complex mix of different 
factors. The influence of niobium on strength has been 
associated with I) its ability to retard the recrystallization 
of austenite dunng deformation, 2) solid solution 
strengthening and 3) precipitate strengthening of the 
ferrite. ' ' The relative influence of each is still not fully 
understood, and many models have been developed to
11
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account for different deformation variables including 
strain, temperature and gram sure, in addition to the effect 
of strain-induced precipitation.1' 1 Early work by Kwon 
and DeArdo' suggested that NbCN particles nucleated in 
localised areas, most commonly along prior austenite 
grain boundaries and deformation bands Due to die 
met eased dislocation density in these regions they are 
expected to be preferred undent ion sites for precipitation. 
It is suggested that these localised precipitates were 
responsible lot retarding the recryxtallization of austenite 
and resulting in ferrite gram refinement, howevei no 
NbCN precipitates are observed in our steels and a 
refinement of ferrite still occurs. Fereloma et al." also 
observed the formation o f NbC precipitates at grain and 
sub-gram boundaiies. howevei due to their rapid 
coarsening, these precipitates were not thought to 
influence the recrystallization process.
In the CASTRIP process where segregation and diffusion 
is limited, precipitate nucleatiori was minimal and the 
majority of the elements appear to stay in solution It is 
particularly significant that high Nb levels can be trapped 
in solid solution as this has ultimately resulted in 
refinement of the ferrite microstiucture and an increasing 
tendency for acicular morphologies We propose that this 
is consistent with Nb increasing the hardenability of the 
steel and effectively decreasing the austenite-fenite 
transformation temperature The higher driving force for 
nuclcation and the reduced mobility of solute result in 
significant refinement.
5. CONCLUSIONS
A strong correlation between the addition of increasing 
quantities of Nb and the morphology of ferrite in the 
microstructure was observed for low C Mn-Si UCS steels 
produced by the CASTRIP process On a finer scale, no 
evidence ofNb-bascd precipitates were observed in these 
steels using TF.M. as would be expeclcd in conventional 
slab cast microalloyed grades It is thought that the 
dramatically higltet cooling rates in UCS steels suppress 
the formation of Nb-containing precipitates Instead the 
strength enhancements are thought to be the result of an 
increase in the steels hardenability arising from a 
significant reduction in the transformation temperature. 
As a result, the predominantly blocky ferrite morphology
of the Nb-ftee steel is replaced by a significantly finet 
acicular ferrite
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Effect of Nb Microalloying and Hot Rolling on Microstructure 
and Properties of Ultrathin Cast Strip Steels Produced 
by the CASTRIP® Process
KELVIN Y XIE. LAN YAO. CHEN ZHU. JLLIE M. CAIRNEY. CHRIS R KILLMORE. 
FRANK J BARBARO. JAMES G. WILLIAMS, and SIMON P. RINGER
The microstructure and corresponding tensile properties of both plain and Nb-microalloyed 
grades of ultrathin east strip (UCS) low alloy steel produced using the CASTRIP' process were 
studied. Both as-east and hot-rolled strip cast steels with various levels of Nb microalloying were 
manufactured and investigated in this study. Hot rolling had little cfTcct on the yield strength of 
Nb microalloyed UCS specimens for a given chemical composition, but resulted in a slightly 
finer microstructure. The effect of Nb microalloying was significant, and this is attributable to 
the promotion of finer, tougher austenite transformation products such as bainile and acicular 
ferrite at the expense of large polygonal ferrite grains. A fine dispersion of Nb solute clusters was 
observed in all Nb-containing steels following hot rolling, and it is suggested that this also 
contributes to the observed strengthening
1)01: 10.1007 si 1661-011-0622-2
© The Minerals. Metals & Materials Society and ASM International 2011
I. INTRODUCTION
I HE CASTRIP* process is a revolutionary new
•CASTRIP i> a registered trademark of Castrip LLC, Charlotte. 
NC.
twin-roll strip casting method of producing steel sheet 
directly from the liquid. Using this technique, thin (-1 to 
1.5 mm) strip steel can be produced with significantly 
less energy, time, and floor space, while maintaining 
higher production levels compared to conventional slab 
casting techniques.1' 11 Initially, only plain carbon steels 
were produced using this particular strip casting 
method, but the production of higher strength grades 
using microalloyed steels has more recently been estab­
lished following extensive plant trials and fundamental 
investigations. This study was undertaken as part of the 
supporting research for the manufacture of micro- 
alloyed ultrathin cast strip (UCS) steels. The effect of 
microalloying additions such as Nb on steel microstruc­
ture was hitherto unknown for this UCS steel. A unique
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METALLURGICAL AND MATERIALS TRANSACTIONS A
feature of UCS steel is that the solidification process 
occurs within 200 to 200 ms. compared to conventional 
slab casting in which several minutes are required for 
complete solidification. The aim of this study is to 
provide new information about the nneroslructure- 
property relationships in microalloyed grades of these 
exciting new steels, which are expected to form an 
entirely new sheet steel product category with the 
potential to replace both hot-rolled and cold-rolled steel 
sheet in many applications. To this end. a series of UCS 
steels produced by the CASTRIP process with varying 
levels of Nb content were manufactured for study in 
both as-cast and hot-rolled states.
It is most noteworthy that the effects of hot rolling on 
steel microstructures and mechanical properties were 
investigated by many researchers, and a very large body 
of knowledge is available in this area.1-1 s| It is generally 
accepted that hot rolling leads to finer ferrite grains. 
This is because hot rolling rccrystallizes austenite grains, 
resulting in smaller austenite grains and. subsequently, 
finer ferrite grains. Furthermore, hot rolling refines 
ferrite grain size by introducing strain fields within any 
nonrecrystallizcd austenite grains, providing extra 
nucléation sites for ferrite to nucleate and grow intra- 
granularly in addition to along prior austenite grain 
boundaries. Hot rolling was also found to retard the 
ferrite grain growth in these steels via mechanical 
stabilization.1 1 whereby high density dislocations 
introduced by rolling act as obstacles to the interface 
migration of ferrite into austenite. These result in a finer 
grain structure and. consequently, better strength for the 
product. In respect to the effect of Nb microalloying on 
high-strength low-alloy steels, many studies have been 
carried ou t/' An important and widely reported 
effect in both theoretical and experimental studies is the
YOU Ml 42A. AUGUST 2011 2199
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decrease in Ihe transformation siari temperature, thus 
favoring the formation of low-temperature transforma­
tion products such as acicular ferrite and baimtc. It also 
has been demonstrated that Nb precipitates strongly 
retard austenite retry stallization.'1' 16 Furthermore. Nb 
additions are known to impart improved strength to 
these steels through the formation of nanoscale N b f or 
NbtNC) precipitates, which retard the movement of 
dislocations within the grains during deform a l io n ' 141 
In this research, we provide the first comprehensive 
evaluation of the effects of hot rolling and Nb micro­
alloying on the detailed microstructure-propcrty rela­
tionships m IC S  steels.
II. MATERIALS AM ) METHODS
As-cast and hot-rolled UCS specimens with various 
Nb contents were produced using the CASTRIP pro­
cess Using this unique technique, liquid steel is passed 
through twin-casting rolls and solidifies within millisec­
onds to produce continuous as-cast steel sheet of 
- 1.8-mm thickness. The as-cast steel sheet is then 
immediately hot rolled once to achieve -1.3-mm thick­
ness. water spray cooled, and finally coiled as the 
hot-rolled commercial product.12'' The chemical com­
positions and processing parameters for the materials 
studied in this article are listed in Table 1.
Engineering stress-strain curves were obtained using 
standard tensile tests on dog-bone shaped coupons with 
a strain rate of 0.008 s and the yield strength for each 
specimen was determined by the stress corresponding to 
0.2 pet strain. Mctaliographic specimens for light opti­
cal microscopy, transmission electron microscopy 
(TEM). and atom probe tomography (APT) were 
prepared from the materials in Table 1 using standard 
techniques.1' ,x| An Olympus** 11X61 metallurgical
“ Olympus is a trademark of Olympus Iik. Center Valley. PA
microscope was used for light microscopy, and 
both a 120 kcV PHILIPS’ CM 12 and a 300 kcV
PHILIPS is a trademark of I I I Company, Hillsboro. OR
JF.OI 3000F TPM were used for electron microscopy
IEOL is a trademark of Japan Electron Optics l td .. Tokyo
APT experiments provide chemical and spatial infor­
mation for the individual atoms in the material with 
near-atomic resolution1 '* " and were used to study the 
distribution of the Nb atoms in detail. Thev were 
conducted using an Imago LEAP5 microscope'1“1' oper-
*LEAP is a trademark of C AMECA. Gennev¡liters France
ating at 20 K ( 253 O  with a pulse fraction of 20 pci. a 
flight path of 90 mm. and a pulse repetition rale of 
200 kHz. APT data were reconstructed using the 
method described by Gault vt a!.,20i
III. RESULTS
The yield strength of each specimen is plotted in 
Figure I. and the standard deviations were found to be 
within 10 MPa. Slightly different steel compositions 
were evaluated for the as-cast vs hoi-rolled Nb-free 
steels, as indicated in Table I. Based on these results, 
hot rolling seems to have a minor effect on yield strength
tig  I Yield strength of as-cast (circle) and hot-rolled (square) UCS 
steel specimens with different Nb contents. The stundard deviation 
of these results is within lOMPa
table I. Procession Param eters and Chemical Composition (Weight Percent) of the Samples Invcstiuatcd
Specimen Description
Hot Rolling 
Temperature (K f°C)]
Coiling Temperature 
[K t*C>] Nb C Mn Si N
1 Nb-lree as-cast 923 K (650 °C) 0.001 0.033 0.85 0.2 0.006
2 Nb-free hot-rolled 1152 K. (879 CC) 817 K (544 °C) 0.001 0.034 0.98 0.2 0.008
3 0.026 pet Nb hot-rolled 1225 K (952 C ) 894 K (621 °C) 0.026 0.038 0.87 0.24 0.005
4 0.041 pet Nb hot-rolled 1168 K (895 °C) 920 K (647 °C) 0.041 0.036 0.87 0.21 0.007
5 0.065 pci Nh hot-rolled 1185 K (912 °C) 774 K (501 ’(’) 0.065 0.037 0.93 0.28 0.007
6 0.084 pci Nb as-cast 869 K (5% °C) 0.084 0.031 0.83 0.2 0.006
7 0.084 pci Nh hot-rolled 1170 K (897 °C) 840 K (567 °C) 0.084 0.031 0.83 0.2 0.006
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I ij! 2 Cross-sectional optical inicrostruclurc of (o) Nb-frec as-cast. (A) Nb-free hot-rolled. (<) 0.084 wt pet Nb as-cast, and ydl 0.084 wl pet Nb 
hot-rolled specimens along the rolling direction. The prior austenite grain boundaries are indicated by dashed lines, and regions I and 2 shins 
typical polygonal ferrite (polygon-shape ferrite) and bainitc acicular ferrite (lalhlikc ferrite), respectively
for bolh Nb-free and Nb microalloycd steels. The 
strengthening arising from tnicroalloying with Nb was 
significant, leading to a plateau yield strength increase of 
20 to 30 pci relative to the Nb-free hot-rolled specimen 
at a level of about 0.04 wt pet Nb. Hot rolling appeared 
to have had only a minor effect on yield strength for the 
Nb bearing specimens.
Figures 2 through 4 summarize the results of light 
optical microscopy. All the optical images were taken 
from cross sections along the hot rolling direction. 
Optical images from transverse sections and cross 
sections perpendicular to the hot rolling direction were 
also taken with no noticeable microstructure differences 
observed. The mierostruettire through the thickness of 
each specimen was also studied, and no substantial 
differences were noticed. The as-cast and hot-rolled 
microstructures for the Nb-free and the 0.084 wt pet Nb 
specimens arc compared in Figures 2 and 3 at different 
magnifications. The images in Figure 2 show an over­
view of the structure, which is quite heterogeneous in 
some cases. The images in Figure 3 arc taken at higher 
magnification from the areas that have the finest 
structure in the same specimens. The microstructure of 
Nb-free as-cast steel (Figure 2(a)) consisted mostly of 
acicular and bainitic ferrite, together with a minor
METALll ROIC At. AND MATERIALS TRANSACTIONS A
amount of polygonal ferrite decorating the prior 
austenite grain boundaries. Figure 2(b) reveals that 
some prior austenite grains possess the bainitc acicular 
ferrite microstructure, while many others have trans­
formed entirely to polygonal ferrite. The polygonal 
ferrite observed in Nb-free hot-rolled steel is finer than 
the corresponding as-cast one. However, in the 
0.084 wt pet Nb-containing steel in the as-cast condition 
(Figure 2(c)). bainitc and acicular ferrite dominate the 
microstructure and there was no polygonal ferrite 
observed. Figure 2(d) reveals that hot rolling of the 
Nb-containing steel refines the bainitc and acicular 
ferrite. An examination of the detailed nature of the 
acicular ferrite in the as-cast specimens (Figures 3(a) 
and (c)) revealed a conventional lath structure that 
appeared to grow radially from the nuclcation site 
within the prior austenite grains, resulting in an inter­
locking morphology In contrast, most of the acicular 
ferrite observed in the hot-rolled specimens (Figures 3(b) 
and (d)) also exhibited interlocking acicular ferrite 
morphology but possessed shorter laths. Figure 4 is 
also a scries of light optical micrographs that compare 
the microstructures of hot-rolled Nb-containing UCS 
steels. When as little as 0.026 wt pet Nb was added into 
the steel, the formation of classical polygonal ferrite was
VOLUME 42A. AUGUST 2011 2201
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Nb-free, hot-rolled
0.084% Nb, hot-rolled fc0.084% Nb, as cast
l ig. i  Optical micrographs of acicular ferrite in (aI Nb-frcc as-casl, (MNb-Irce hot-rolled. (< ) 0.084 vu per Nb as-cast, and (if) 0.084 » i pel Nb 
hot-rolled specimens.
suppressed and replaced by bainite and acicular ferrite. 
This microstructiire was even finer in the 0.041 wt pet 
Nb microalloved steel, while further Nb addition did not 
seem to change the microstructure substantially.
Since ferrite laths in bainite generally exhibit very 
small misorientation. it is dillicult to etch out the grain 
boundary using 2 pet nital. and TEM was used to show 
this microstructure in greater detail. Representative 
brighl-field (BE) TEM images from the 0.084 w t pet 
Nb-containing steel after hot rolling are provided in 
Figure 5 and reveal both the complexity of the bainitic 
ferrite and the acicular ferrite microstructures. Similar 
structures were observed for the 0.026, 0.041, and 
0.065 wt pci Nb hot-rolled steels and 0.084 wt pci 
as-cast steel. TEM experiments did not reveal any 
evidence for the presence of dispersions of second-phase 
precipitate particles such as Nb(C. N). despite careful 
tilting experiments and the application of various 
modalities such as selected area diffraction, high reso­
lution imaging, and dark-field imaging. This was the 
case for all concentrations of Nb. and Figure 5(c) is a 
representative BF image for the 0.084 wt pci Nb-con- 
taining steel after hot rolling.
Atom probe microanalysis was applied to investigate 
the role of Nb given the absence of precipitation, and the 
results are summarized in Figure 6 from the 0.041 w t pci
Nb-containing steel after hot rolling. Figure 6(a) 
provides the mass spectra from the analysis and shows 
the various species that field evaporated and how they 
were identified. Figure 6(b) is an atom map with Fe 
atoms shown in blue and the molecular species NbN. in 
which Nb and N ions in the cluster were field evaporated 
together to give a single signal, labeled as red. It is very 
clear that the Nb atoms are not uniformly distributed 
and that, in fact, there are extremely fine atomic clusters 
of Nb and N atoms, which are beyond the resolution 
of TEM
l \ .  DISCUSSION
A. Effect of Hot Rolling on Microstructure 
and Yield Strength
Previous work done on plain carbon CASTRIP steels 
showed that hot rolling lowered yield strength.1' 1211 
However, in this study, hot rolling was observed to have 
little effect on the tensile mechanical properties of both 
the Nb-free and Nb-containing CASTRIP steels, though 
there arc obvious microstructural effects and these are 
slightly different depending on whether the steel is 
microalloyed. All hot rolling was carried out at 1152 K 
to 1185 K (879 °C to 912 °C) (Table I). which is in the
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I'ig 4 Cross-sectional optical micrographs showing the effccl o f Nb additions in hot-rolled steels: 1«) 0.026 wl pet Nb. l/>) 0.041 wt pet Nb. 
fr) 0.065 wt pet Nb. and (i/i 0.0S4 » t pet Nb additions along the rolling direction The prior austenite grain boundaries, elongated along the 
rolling direction, are indicated by dashed lines in id).
austenite phase field. In the Nb-frcc steels, the as-east 
material contains roughly equal amounts of polygonal 
and bainitc aeieular ferrite, as shown in Figure 2(a). 
whereas the hot-rolled material clearly has more polyg­
onal ferrite with only about 15 pet aeieular ferrite left in 
the microstructure, as shown in Figure 2(b) This change 
probably reflects the fact that hot rolling promotes 
rccrystalli/ation and grain refinement of austenite. ' 11 
and the resulting smaller austenite grains will discourage 
intragranular aeieular ferrite nucléation |22' Some small 
austenite grains, therefore, are completely dominated by 
polygonal ferrite, and the volume fraction of aeieular 
ferrite decreases with increasing degree of hot rolling.1 11 
However, a small amount of aeieular ferrite that results 
from larger austenite grains was still present in the 
microstructurc. This indicates that a small proportion of 
austenite grains were not recrystallized during hot 
rolling. This is probably because steel sheets underwent 
only one-pass hot rolling in which the microstructurc is 
not homogenized. Since a large proportion of hard 
aeieular ferrite is replaced by soft polygonal ferrite in the 
Nb-free as-east steel, a drop in the yield strength of the 
Nb-free hot-rolled steels might be expected. However, 
no obvious difference in mechanical properties between 
Nb-free as-east and hot-rolled steels was noticed in this 
study. This discrepancy is probably due to the higher
Mn content and lower coiling temperature, thus higher 
continuous cooling rate in the Nb-free hot-rolled sleds. 
For coiling, the temperature drop from the hot-rolling 
temperature for the 0.065 wt pet Nb steel is 684 K 
(411 °C). compared to -603 K. (330 (') for most of the 
other steels The higher Mn content has a strengthening 
effect, and a higher cooling rate promotes ferrite 
nucléation but retards ferrite grain growth, which refines 
the overall microstructure from the austenite-to-ferrite 
transformation.
In the Nb-contuining steels, the as-cast specimen 
microstructurc comprises bainitc that nucleates at prior 
austenite grain boundaries together with aeieular ferrite 
throughout the intragranular region of the prior aus­
tenite grains. After hot rolling, the microstructurc 
became more chaotic, with bainitc islands and some 
aeieular ferrite throughout the microstructurc. The 
addition of Nb suppresses the recrystallization of 
austenite so that large austenite grains are deformed 
but the general size is retained.1'  " '1 Hot rolling also 
creates additional nucléation sites such as dislocation 
bands for ferrite laths to grow within the prior austenite 
grains. The further growth of bainite and aeieular ferrite 
is limited by the neighboring ferrite grains nucleated on 
other defects within the same prior austenite grain, which 
results in a refined microstructure This observation
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Iig  5 HI I t M micrographs exhibit (o| humilic ferrite. (/>) aciculur 
ferrite, and («•> clean grain with no tine scale precipitates in 
0.084 wl pet Nh hot-rolled specimens.
agrees with similar studies carried out on other 
steels with structures dominated by bainite.1* ! The 
present results demonstrate that both Nb-frcc and 
Nb-containing steels contain acicular ferrite in as-cast 
condition and that this ferrite is made up of long, thin 
laths. After hot rolling, the ferrite laths were noticeably 
shorter. This is believed to result from the fact that hot- 
rolled austenite grains contain more defects that can 
provide nucléation sites. It is understood that this 
decomposition of austenite occurs more rapidly in 
hot-rolled steels, generating a greater number of 
"sympathetic” nucléation points. These nucléation 
points encourage the formation of acicular ferrite and
(a)
I ig t> In) Mass spectrum of 0.041 »1 pet Nh hot-rolled specimen 
shouing the clear N hN ' peaks and (ft) APT data showing tin.' dts- 
tribulion of NhN and NhN (35.5 and 53.5. respectively, in the 
mass spectrum l clusters w ithin the matrix 100 pet o f  the atoms from 
the clusters detected are displayed
subsequent growth impingement, thereby resulting in a 
more refined microstructure.
B. Effect of Microalloying w ith Mb
For both the as-cast and hot-rolled conditions of the 
UCS steels produced by the CASTRIP process, the 
addition of Nb increases the yield strength substantially 
to 0041 wt pci Nb and then reaches a plateau with 
further Nb additions. This agrees well with the micro- 
structural evolution apparent with Nb additions in 
Figures 2 through 4. where a higher proportion of finer 
phases such as acicular ferrite and bainite are observed 
with increasing Nb concentration. Since bainite and 
acicular ferrite have smaller grain sizes than polygonal 
ferrite, it is proposed that the Nb-containing steels are 
strengthened by grain refinement.
It was reported that Nb decreases the transformation 
start temperature of austenite to ferrite, enhancing the 
formation of lower temperature products such as ferrite 
and bainite.1 4 1 It is believed that Nb. both in solution
and segregated to austenite grain boundaries, retards 
recovery and rccrystallization of deformed austenite, 
where defects stored in the austenite provide additional 
intragranular nucléation sites for ferritic phases/27* 
promoting the formation of lower temperature ferrite 
products. Nb segregation at austenite grain boundaries 
also reduces the interfaeial energy and, consequently, 
makes those grain boundaries less effective nucléation
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sites for polygonal ferrite:12* thus, a transformation to 
bainite acicular Icrritc is favored, f urthermore, because 
the growth of bainite acicular ferrite is displacivc while 
the nucléation and growth of polygonal ferrite are 
diffusive, the dislocation density in bainite acicular 
ferrite is higher than that in polygonal ferrite.1221 which 
provides additional strength in the Nb-nncroalloved 
steels.
The fact that no Nb-rieh carbo-nitridc precipitation 
was observed via TEM suggests that there was no 
contribution to the strengthening from precipitation 
hardening19 14 It is conjectured that the absence of 
NbfC.N) precipitation in the as-cast and hot-rolled 
steels is due to the fast cooling rates (60 to 80 K s upon 
water cooling) applied in the CASTR1P process. Con­
sequently, the Nb atoms are essentially retained in a 
supersaturated ferritic solid solution.
It was further observed that the Nb atoms are 
contained within the ferrite in a distinctly nonrandom 
configuration and seem clustered together with N atoms 
These clusters may be expected to contribute a cluster 
strengthening effect129' along w ith the more conventional 
forms of solid solution strengthening from individual 
Nb solute atoms12 ,l! throughout the ferrite.
V. CONCLUSIONS
1. Nb microalloying additions increased the yield 
strength of UCS steels produced by the CASTRIP 
process mainly by favoring the formation of bainite 
and acicular ferrite at the expense of the relatively 
softer and coarse polygonal ferrite as the products 
of the austenite transformation. Whereas careful 
TEM experiments failed to reveal any evidence 
of precipitation. APT confirmed the presence of 
Nb-N clusters, and these could also be expected 
to contribute to the overall strengthening of 
Nb-containing UCS steels.
2. In the Nb-frcc steel, hot rolling refined austenite 
grains via austenite recrystallizution; thus, intra- 
grunular acicular ferrite formation was suppressed 
In the Nb-containing steel, hot rolling provided 
additional nucléation sites for bainite and acicular 
ferrite, resulting in a more chaotic structure. Bainite 
and acicular ferrite were the dominant microstruc­
ture in both steels, and no substantial differences in 
yield strength were observed between the as-cast 
and corresponding hot-rolled steels.
ACKNOWLEDGMENTS
The authors are grateful for partial funding support 
from the Australian Research Council and BlueScopc 
Steel Ptv. Ltd (BSL). Messrs. Kristin Carpenter and 
Harold Kaul (BSL) are thanked for (heir scientific 
and technical input and informative discussions. The 
authors are also grateful for the scientific and technical 
input and support from the Australian Microscopy
METALLURGICAL AND MATERIALS TRANSACTIONS A
and Microanalysis Research Facility (AMMRF) at the 
University of Sydney, particularly from Drs. David 
Mitchell and Flame Burgmann and Messrs. Peter 
Felfcr. Adam Sikorski. and Alex La Fontaine.
REFERENCES
1 I A Bijipm.mil V \ i c  J XI ( airm.-v .S  P Ringer. (  .R Kilimorc 
F J Bartvaro. amt J.G Williams: Mater. Forum. 2(10*. vol. 32. 
PP * 12
2 ( R KiHimue. H Crcdy. A Phillips. H.R KauL P C Campbell. 
M Schucrcn. J.G W illiam- and W N. Bk’jdc: De'elopmeut of 
Illra-Thtn Cast Strip Praehteis hi the CASTRJP Process. 
AISTech. Indianapolis IN . 2007
v (  R Kilhnoiv. H R Kaul. J R Burg, k  R Carpenter. J.G 
Williams. D.G Edclman. P C. C ampbell, and W N Blcide. 3rd 
Ini. Cant on Thermo!Methemk'al Processing o f Steels. AIM. 
Padova. Italy. 2008
4 A. Bakkaloglu: Mater Lett.. 2002 vol. 56. pp 26.1 72 
5. C'.S. C'hiou. J R Yang, and C Y. Huang: M aui (  hem Phis 
2001. vol 69. pp I I J  24
6 R H. l am  and J R Yang Motet Sci Fate 4 1999. vol 264. 
pp 139 50
7 R H. Lam and J R Yang Muter Set Ena. A. 2000. vol. 278. 
pp 278 91.
8 C H. Lee. H.K.D.H. Bhadcshia. and H.C. Lee: M aui Sci. Eng 4. 
2003. vol 360 pp. 249 57.
9 R D.K Misra. H Nathani. J. Harunann. and F. Siciliano: Mater 
Se t Eng A. 2005. vol 394. pp 339 52
10 C.P Reip. S. Shanmugam. and R.D K. Misra: Mater Sei. Eng A 
2006. vol. 424 pp 307 17.
11 S. Shanmugam. R D.K Misia. J Hartmann, and S G . Jansto 
Mater. Set Eng A. 2006. vol 441 pp 215 29.
12 S. Shanmugam. R D.K, Misra, T Mannering. D. Panda, and S G 
Jansto: Mater Sei Eng A. 2006. vol. 437. pp 436 45.
13 S Shanmugam N K Ramisctti. R D.K Misra J Hartmann, and 
S.G. Jansto: Mater. Set Eng. A. 2008, vol. 478. pp. 26 37.
14 S. Shanmugam. N.K. Rumivein R D.K Misra. T. Mannering. 
D. Panda, and S O  Jansio Mater Sei Eng A. 21X17. vols 460 
461, pp. 335 43.
15 J Slrid: P h D  Thesis. University of Technology, Lulea 1984. 
pp 5 14
16 A J DeArdo. J.M Gray, and I Meyer: Siohium. TMS-AIML 
Warrendalo. PA. 198!.
17 M K Miller. A t erv/o. M.G Hclheringlon. and G.D Smiih 
A torn Praln Field Ion Mieruseupi. Oxford Science Publications. 
Oxford. United Kingdom. 1996. pp 476 83
18 D B Williams and B.C Carter Transmission Electron Mieroscopi. 
Springer. New York. NY. 1996. pp 9 10.
19 B Gault. M.P Moody. D.W Saves. J.M. Cairney. /  Liu. R K 
Zheng. R K.W. Marceau. P V Liddicoal. L.T. Stephenson, and 
S P Ringer: Frontier\ in Materiali Research. Springer. Berlin. 
2008. vol 10. pp. 187 216.
20. B. Gault. M P Moody. J de Gcuscr. G. Tsal'nat. A. La Fontaine. 
L.T. Stephenson. D. Haley, and S P. Ringer: J. Appl P lty i. 2009. 
vol 105. pp. 0349130 39.
21 F'.J Barbara. P. Krauklis. and K L. Easterling: Miner Set 
Techno!.. 1989. vol. 5. pp. 1057 68
22 H K I>.H Bhadeshia and R.W.K. Honeycombe: Acicular Ferrite. 
ButtcrvvorhJicincmann. Oxford. United Kingdom. 218)6
23 Z.-H. Zhang. Y.-N Liu. X.-K Liang, and Y She. tlater Set 
Eng I. 2008. vol. 474. pp. 254 60
24 T.M. Hoogcndoorn and M.J. SpanralY: Pro, ( on! on Mieroal- 
Iniing. Union Carbide Corporation. New York 1977. vol 75. 
pp 75 85.
25 J Slrid and K L Easterling: Aetu Metall . 1985. vol. 33. 
pp 2057 74
26 Y.-W W ang. F Chun. F -Y . Xu. B.-Z. Bai. and H.-S. Fang 
J Iran Steel Res. Ini., 2010. vol. 17. pp 49 S3
27 Q. Yu. Z. Wang. X. Liu. and G. GWang: Mater Set Eng A. 2004. 
vol .379. pp. 384 90
VOLUME 42A. At GUST 2011 DUS
57
28. M Enom oio. N N otici ami V . Saio: Mairi Iran*.. J IU  1004 
voi. 55. pp 859 67.
29 S.P Riuscì Voler. So Farm». 2(106. voi- 519 521. pp 25 
.54
50 S i ' Riuscì. S.K taiaher ami I .J Politicar So ¡pia Voler. 1998. 
voi. 59. ¿*> 1559 67
51 SP Ringer. K Mono. T. Saloirai. and IJ Politicar Srripta 
Voler.. 1997. voi 56 pp 517 21.
2206 VOLI Vlt 42.V Al (U  SI 2011 METALLI iRCilC'AL AND MATERIALS IRANSACTIONS A
Chapter 4 -  The Ageing Behavior of Nb Microalloyed 
CASTRIP® Steels
As described in Chapter 3, most of the Nb atoms in Nb-microalloyed CASTRIP® steels 
stay in ferrite matrix as super-saturated solid solution. This provides the opportunity to 
further strengthen the steel by heat-treatment to grow Nb-rich clusters/nano-precipitates. 
This chapter investigates the effect of cluster-dispersion on the mechanical properties of 
Nb-microalloyed CASTRIP® steels. The nature of clusters was characterized using TEM 
and APT. Optimal strengthening was observed in the steel with dispersion of fine clusters 
with average size of ~60 Nb atoms per cluster. This suggested that clusters are very 
potent strengthening agents and cluster strengthening is a more efficient way to use Nb 
solute atoms compared to conventional Nb(C,N) nano-precipitates strengthening.
In the paper titled ‘Strengthening from Nb-rich clusters in a Nb-microalloyed steel’, 
publised in Scripta Materialia, the author of this thesis measured the hardness values, 
obtained and analysed TEM and APT results and was the primary writer of the 
manuscript.
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We demónstrate that a Nb-microal!oyed ultra-thin cast strip steel cau be strengthened substantially without compromising duc­
tility by performing a simple heal treatment at 700 C for 4 min The strengthening was attributed to a line dispersion of Nb-rich 
solute atom clusters These clusters had an average size of ~60 atoms at peak hardness and resembled Guinicr Preston zones in Al 
Cu alloys The application of the Ashby Orosvan equation indicates that these clusters ate potent strengthening agents when com­
pared to conventional NblC.N) precipitation strengthening.
© 2012 Acta Matcrialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords MSI A steel Atom probe tomography (APT»; Cluster strengthening: Niobium: Transmission electron microscopy (T fM l
The CASTRIP* process is a revolutionary new 
tw in-roll method of producing steel strip directly from li­
quid metal. Using this technique, thin (~ l 1.5 mm) strip 
steel can be produced with significantly less energy, time, 
greenhouse gas emission and floor space, while maintain­
ing an increased output by comparison to conventional 
slab-casting techniques. Thin Nb-microalloyed CA- 
STRIP1 steel sheets exhibit a good combination of 
strength and ductility [IJ. and representa "green" material 
in terms of their use in construction, transportation, auto­
mobile and storage applications. Previous studies have 
shown that Nb atoms are retained in the matrix as part 
of the supersaturated solid solution (SSSS). and that the 
nucleation of second phase Nb(C'.N) precipitates does 
not occur due to the very fast cooling rate, low transforma­
tion temperature ( 650 °C), and low coiling temperature 
(~567 °C) [I]. This provides an opportunity to further 
strengthen the steel via an age-hardening heal treatment 
to induce solute clustering and eventual NblC.N) precipi­
tation [2,3], The dominant microstructurc in the as-re- 
ccived steel is bainite and acicular ferrite, with dense 
dislocation networks observed within the grains. These 
networks could be expected to enable heterogeneous 
nucleation of Nb(C.N) precipitates along dislocations 
and,considering the high dislocation density, should result 
in an effective precipitate dispersion. Indeed, dispersion 
strengthening from nanoscalc carbonitridc precipitates
* Corresponding authors; e-mail addresses: kelvin sic u sydney.edu.au: 
simón.ringer(iijsydney edu au
M(C.N) in high-strenglh low-alloy (HSLA) steels is well 
known and has been used extensively, with M -  Nb. Ti. 
V and/or Mo [2,4 6], More recently, links between the 
eventual precipitation of Nb-rich carbonitridc particles, 
and the prior clustering of Nb solute atoms have been 
investigated in model Fc Nb C N alloys [7,8], These sol­
ute clusters appear to be very similar to Guiltier Preston 
(GP) zones in Al Cu alloys [9] and were reported to occur 
as fully coherent plates, or discs that arc one atomic layer 
thick on the (001), planes of the i-ferrite matrix.
In this paper, we report a remarkable enhancement of 
the yield strength of a Nb-microalloyed CASTRIP* steel 
(0.084 wt.% Nb) from 475 to 640 MPa (a 35% increment), 
without compromising ductility, via short duration heat 
treatments The significance of this improve ment is 
apparent when vve consider that typical modern HSLA 
steels require total additions of the above microalloying 
elements above 0.15 and up to 0.5 w t.% [2-5] in order to 
induce precipitate strengthening from dispersions of car- 
bonitride particles. However, in this CASTR1P* steel, 
the microalloy addition involved Nb exclusively, and at 
levels 0.1 wt.%. The strengthening from such a lean 
microalloy level composition is striking. The potential 
for strengthening of commercial steels via Nb clustering, 
or Nb-rich GP zones, has not been w idely explored. Con­
ventionally. HSLA steels arc strengthened by precipitates 
that are typically 10-100 nm in [2-5]. In this study, we 
report that the optimum ageing response for the present 
Nb-microalloyed CASTRIP* steel was not attributed to 
a precipitation strengthening reaction. Instead, the
IJ59-6462/S • see Troni matter € 2012 Acia Matcrialia Ine. Published b\ Elsevier Lid .All rielus reserved 
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strengthening is attributed to the occurrence of a disper­
sion of pre-precipitate Nb-rieh solute atom clusters
The Nb-mieroalloyed steel samples for this studs were 
manufactured via theCASTRIP' processtFig. S l|. The 
chemical compositions and steel-processing parameters 
are listed in Table 1. The stoichiometric ratio Nb:N:C 
was 2:1:5. Heat treatments were performed in a barium 
chloride salt bath operating at 700 C for up to 40 min. 
followed by water quenching. No recry stalli/a lion or 
grain growth was observed using optical microscopy. 
The yield strength, ultimate tensile strength and total 
elongation for each specimen were measured using stan­
dard uniaxial tensile tests on standard shaped coupons ol 
gauge length 50 mm under a strain rate o f0.008 s ! The 
hardness was measured using a Vickers hardness inden- 
ter under a 5 kg load and six readings were averaged 
for each specimen. TEM studies w ere carried out on elec- 
tropolished thin foils prepared using standard techniques 
using a JEOL JEM 3000F operating at 300 kV. Atom 
probe tomography (APT) was performed using a local 
electrode atom probe (LEAP”'I. The tomographic 
reconstruction of the data was made using the protocol 
described by Gault et al. [10], Solute atom clustering 
was identified and analyzed quantitatively using the 
core-linkage algorithm developed by Stephenson el al. 
[11]. Account was taken of the 57% detector efficiency 
when measuring the frequency distribution of the cluster 
sizes using the method of Stephenson el al. [11.12],
Figure la is a plot of the age-hardening response of 
the steel at 700 C. and Figure 1 b is a plot of the eorre- 
sponding measurements of it, .  fly Ts and zr. Upon the 
commencement of ageing, there is an incubation period 
of 2 3 min during which no change in hardness was re­
corded. Similarly, the yield strength did not change dur­
ing this period, though the total elongation improved 
slightly, and this is probably due to recovery processes. 
Careful investigations using TEM and APT confirmed 
that no precipitation had occurred within the matrix 
grains during this incubation stage. A sudden and signif­
icant increase in hardness followed, and peak hardness 
was achieved alter ageing at 700 C for 4 min Similarly, 
the yield strength increased dramatically from —475 to 
640 MPa. whilst the ductility remained close to the value 
measured in as-coiled (as-received) condition. Further 
heat treatment, up to 40 min. was undertaken where­
upon the steel eventually softened and increases in duc­
tility were measured.
Since ageing for 4 min at 700 °C resulted in the opti­
mum combination of strength and ductility, specimens 
aged to this condition were selected for more detailed 
investigation using TEM and APT The low-magnifica­
tion bright-lield TEM image in Figure 2a reveals a high 
density of dislocations, indicating that these process-in­
duced defects are far from being annealed out during the 
brief heat treatment. High-resolution TEM (HRTEM) 
images reveal a line dispersion of disk-shaped features 
with iheir habit planes lying on the {001}# plane of 
the »-ferrite matrix (Fig 2b). Energy dispersive X-ray
Hg«rt‘ I. (aI Vicker s hardness and ihi yickl strength, ultimate tensile 
strength and total elongation of OS Nb sled aged up to 40 mm at 
700 *C in a BC I salt Kith. Note that lime is on a log scale and standard 
deviation valuo  are represented by the error bars at each data point.
spectroscopy (EDXS) demonstrated that these features 
were Nb-rich. HRTEM further revealed that these disks 
were about 3 nm in diameter. The example in Figure 2c 
was typical for these features (arrowed), with the edge- 
on disks in clear contrast to the surrounding matrix, 
confirming that the disks were very thin, and are proba­
bly confined to a single atom plane or thereabouts. As 
such, these features may be regarded as solute clusters, 
or GP zones that do not possess a discrete 3-D crystal­
lographic structure [8],
APT observations of samples aged 4 min at 700 JC 
indicated that many of the Nb-rich clusters occurred 
along the lengths of dislocation lines. The APT experi­
ments also revealed a very strong correlation between 
the species Nb. C and N. Consistent with other APT 
experiments on similar steels [13.14], f igure 3a and b dis­
play the distribution of Nb atoms by mapping both the 
individual Nb atoms and NbN complexes detected in 
these samples. These two figures provide the raw ob­
served Nb atom distribution (Fig 3a). and a subset of 
this raw data identified following application of the 
core-linkage algorithm (Fig. 3b) [11]. This algorithm is 
an atom probe data-mining tool that filters out those sol­
ute atoms that remain relatively isolated in the matrix. 
As a result, the algorithm identifies only those solute 
atoms that are preferentially clustered together, and/or 
those that occur in precipitates [11]. This enables the 
analysis of. for example, atomic cluster or precipitate size 
distributions, number density and local chemical infor­
mation. The C atoms were found both to decorate dislo­
cations in the form of Cottrell atmospheres (Fig 3c). and 
lo co-elustcr with the Nb-rieh signals. Corroborating the 
above TF.M and APT observations indicates that the 
early stages of ageing of Nb-bearing CASTRIP’ steels
table I. Sled processing parameters aiul chemical composition (wl. •■).
Hot-rolling temp (°C) Coiling temp (°C| Nb C N Cr Ni Cu Mn Si
897 567 0.084 0.031 0.007 0.37 0.03 0.05 0.83 0.2
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Figure 2. (a) Low-magnification btighl-lield TEM image showing the 
complex dislocation structure ol the steel at peak hardness (4 min at 
700 C). (bl Higher-magnilication TEM images of the same specimen 
showing dispersion of GP zone-like clusters, (c) Zoomed in view of the 
areu highlighted b\ the black dashed rectangle und the cluster 
indicated by white arrows.
Figure 3. 3-D atomic maps acquired by atom probe displaying (a) Nb 
(green) and NbN (blue) aloms/eomplex ions distribution ol* the Nb- 
microulloyed UC S steel aged at 700 T for 4 min. (b) the littered map 
of (a) using (lie core-linkage algorithm only displaying the clustered 
Nb/NbN and <c) carbon, dashed lines highlight the C ottrell atmo­
sphere of C atoms along dislocations (For interpretation of the 
references to color in this ligure legend, the reader is referred to the 
web version of this article.)
results in the formation of disk-shaped clusters which 
possess a mixed Nb(C.N) chemistry. Similar to the GP 
zones observed in Al Cu alloys, these sorts of Nb-rich 
clusters have been studied previously both via micros­
copy and first-principles calculations in experimental 
steels [8.13.15], The present results provide data on the 
balance of the microalloy Nb atoms that were associated 
with clusters and precipitates, vs. those Nb atoms that re­
mained isolated in the ferrite matrix. This information is 
difficult to obtain using conventional characterization 
techniques. Furthermore, it was observed that the disper­
sion of those Nb-rich clusters can be associated with 
excellent strengthening in commercial steels.
The balance of Nb solute atoms associated with clus­
ters and precipitates was calculated by measuring the 
number of clustered/precipitated Nb atoms detected by 
the core-linkage algorithm, and dividing by the total 
number of observed Nb atoms. It was found that
~29% of Nb atoms were partitioned in both the peak 
hardness condition (29.12“) Nb atoms, aged at 7t)0 "C 
for 4 min), and the over-aged condition (29.05" Nb 
atoms, aged at 700 °C for 40 min). This suggests that 
the ageing process had reached the Osi vv a Id ripening 
stage after just 4 min at 700 °C, and that thereafter no 
further Nb came out of the solid solution [16], There­
fore. wc propose that the growth during ageing of the 
larger Nb-rich clusters and precipitates was at the ex­
pense of fine Nb-rich clusters.
Figure 4 provides measurements of the total number 
of Nb atoms associated with clusters and/or precipitates 
as a function of size in the peak-hardness and over-aged 
conditions. Here, only clusters containing more than 
20 Nb atoms were analyzed In the peak hardness speci­
men. 73.5% of these Nb atoms formed clusters containing 
20 100 Nb atoms, and 26.5% formed coarse clusters or 
nanoprecipitates with >100 Nb atoms. In the over-aged 
specimen only 22.4% of these Nb atoms were associated 
with clusters containing 20 100 atoms, and 77.6% 
formed nanoprecipitates containing 100 Nb atoms. 
Figure 4 provides further analysis of the size distribution 
of these clusters and precipitates. The av erage cluster size 
was 60 Nb atoms per cluster al peak hardness and. in­
deed. most of the clusters observed in the peak-hardness 
samples contained less than 1(H) Nb atoms. On the other 
hand, the average number of Nb atoms in the over-aged 
condition w as 120 Nb atoms. It is interesting to note that 
43"/. of the clusters in the peak hardness specimen were 
with 20 40 Nb atoms in size but they only consumed 
21.7% partitioned Nb atoms. In the over-aged specimen, 
only 28% of the clusters were 140 atoms in size con­
sumed up to 60% of the partitioned Nb atoms.
The present measurements of the solute balance of 
the Nb atoms enables an evaluation of the effectiveness 
of the strengthening via the Nb-rich clusters (or GP 
zones), vs. (he strengthening that occurs in the ovoruged 
condition, via a more classical precipitation strengthen­
ing mechanism, such as that represented by the Ashby 
Orowan equation [16 18], where dislocations bow be­
tween spherical-shaped point obstacles The measured 
increment in yield strength attributed to the Nb-rich 
clusters (or GP zones) al peak hardness was 165 MPa 
It is noteworthy that this net strengthening increment, 
which we associate with the formation of Nb-rich clus­
ters. occurs despite the fact that recovery processes 
would also occur during the early stages of this heat 
treatment, and these would tend to soften the steel. 
Now. if this strengthening increment (165 MPa) were 
to be achieved by a dispersion of spherical-shaped point 
obstacles (precipitates) possessing the same mean Gui­
lder radius as the observed clusters (i.c. 1.77 nm). the re­
quired volume fraction of precipitates would be 0.11% 
(sec Supplementary material). In fact, the observed 
strengthening was achieved by Nb-rich solute clusters 
(or GP zones) containing an average of 60 Nb atoms, 
and having a total volume fraction of 0.0222%. This is 
a significantly lower volume fraction (by a factor of 
5.1. or ~510%) and is indicative of the efficacy of the 
strengthening by the Nb-rich solute clusters (or GP 
zones). A similar analysis was carried out on the steel 
in the over-aged condition ( 700 °C. 40 min) where the 
yield strength increment was 120 MPa and the observed
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The number of partitioned Nh mom distribution and the size 
distribution and number density iff Nb-rich dusters in the steels heat 
treated for 4 min (peak hardness, green I and 40 min (over-aged, blue) 
Notice that the detection efficiency for atom probe is 57" w hich has 
been taken into consideration
moan Gutntcr radius was 2.3 nm. Here again, ihe vol­
ume fraction of Nb(C.N) precipitates required to 
achieve this increment by the Ashby Orowan model is 
greater than that actually observed. In this instance, 
the factor is --3 (sec Supplementary material). Thus, 
we conclude that the efficacy of the microalloy solute 
in strengthening the steel seems to decrease during age­
ing. as the microstructure transitions from one domi­
nated by Nb-rich clusters (or GP zones), as after 4 min 
at 700 °C, through to one dominated by of Nb(C.N) 
precipitates, as after 40 min at 700 °C. Moreover, not 
only arc the Nb-rich clusters highly efficient in terms 
of their capacity to provide strengthening, there was 
no loss in ductility of the steel in this condition.
This hypothetical comparison is particularly relevant 
w hen we consider the recent simulation work by Singh 
et al. [19] where it is argued that, in fact. GP zone dislo­
cation interactions include significant contributions from 
dislocation bowing processes, rather than occurring 
exclusively via the shearing mechanisms that are usually 
considered to dominate these situations [16], The appar­
ent superiority of the observed dispersion of Nb-rich sol­
ute atom clusters, or GP zones, over conventional 
precipitation strengthening from a dispersion of spheri­
cal obstacles may have several explanations. Firstly, 
the Nb-rich clusters were monoalomic layer disks, or 
close to. and so possess large aspect ratios. Precipitates 
with a large aspect ratio can exhibit a better strengthen­
ing effect [20], Secondly, there exists a large number den­
sity (~ 715 x 1015 clusters cm ’) of ultra-fine clusters 
containing 4 20 Nb atoms per cluster in the peak hard­
ness condition. These ultra-fine clusters are beyond the 
usual practical imaging resolution of TEM. We consider 
that these small solute atom clusters also interact 
strongly with dislocations, and contribute to the overall 
strengthening [21.22].
In summary, a Nh microalloyed UCS steel was aged 
at 700 °C leading to a dramatic strengthening increment 
of 165 MPa w ith no concomitant loss of ductility. Atom­
ic resolution microscopy revealed that the age harden- 
ing/strengthening was associated with the formation of 
Nb(C.N) solute atom clusters. Once these clusters con­
tain a critical number of atoms thought to be around 
20. they form as GP zone-like disks on the ¡100], planes
of the body-centered cubic ferritic matrix. It is significant 
that this level of strengthening was derived from only 
0.084 wt.% Nb. and for the optimum ageing condition 
of --4 min at 700 °C. only ~60 Nb atoms arc associated 
with the average cluster. Further ageing leads eventually 
to the formation of nanoscale NbtC.N) precipitates. Our 
results indicate that these Nb-rich solute clusters are 
highly potent strengthening agents and. in this regard, 
arc a more efficient use of solute Nb than conventional 
dispersions of spherical Nb(C. N) precipitates
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Chapter 5 -  Nitriding of Nb Microalloyed CASTRIP 
Steels
As described in Chapter 3, most of the Nb atoms in Nb-microalloyed CASTRIP® steels 
stay in ferrite matrix as super-saturated solid solution. This provides the opportunity to 
further strengthen the steel by growing Nb-rich clusters/nano-precipitates. In Chapter 4, 
stronger yet ductile steels were achieved by cluster dispersion strengthening without 
changing the steel bulk composition. With a different approach, this chapter presents a 
nitrided Nb-microalloyed CASTRIP® steel with attractive mechanical properties. 
Nitriding increases the overall nitrogen content in the steel. Higher strength was obtained 
from a combination of solid solution strengthening from nitrogen and dispersion 
strengthening from clusters and precipitates. The retained ductility was achieved by its 
hard-shell-soft-core structure. More specifically, this chapter consists of two small 
research projects -  1) overcoming challenges in the study of nitride microalloyed steel 
using atom probe and 2) high strength and retained ductility achieved in a nitrided strip 
cast Nb micrialloyed steel. The first small project explored the optimum experimental 
conditions when working with nitrided steels using APT. The second small project 
investigated the structural-property relationship of a nitrided steel with APT using the 
condition described in the first project. Because of the potential combination of excellent 
strength and ductility achievable through nitriding, the industry partner for this project, 
BlueScope Steel have submitted a provisional patent to protect this technology.
In the paper titled ‘Overcoming challenges in the study of nitride microalloyed steels 
using atom probe’, published in Ultramicroscopy, the author of this thesis designed the 
experiment, collected the APT data, interpreted the results and was the primary writer of 
the manuscript. In the manuscript titled ‘High strength and retained ductility achieved in 
a nitrided strip cast Nb microalloyed steel’, which is under consideration at Metallurgical 
and Materials Transactions A, the author of the thesis measured the hardness values, 
obtained APT results, performed data analysis and was the primary writer of the 
manuscript.
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Nitnded steels are widely used in the engineering field due to their superior hardness and other 
attractive properties Atom probe tomography (APT) was employed lo study two Nb-microalloyed 
CASTRIP steels with different N contents. A major challenge of using APT to study this group of 
materials is the presence of tails after Fe peaks in the mass spectra, which overestimates the 
composition for alloying elements such as Nb and Cu in the steels. One important factor that 
contributes to the tails is believed to be delayed field evaporation from Fe This artefact of the mass 
spectrum was observed to be the most severe when voltage pulsing was used. The application of laser 
pulses with energy ranging from 0.2 to 1.2 nj successfully reduced the tails and lead lo better 
compositional measurement accuracy. Spatial resolution in the 2-direction (along the tip direction; 
was observed to be less affected by changing laser energy but deteriorates in x-y direction with 
increasing laser eneigy. This investigation suggests that pulsed laset atom probe with 0.4 nj laser 
energy can be used to study this group of materials with improved mass resolution while still 
maintaining high spatial resolution.
C 2011 Elsevier B.V. All rights reserved.
1. Introduction
Nitridihg of steels is of considerable engineering interest as it 
improves the surface hardness, fatigue life, tribological properties 
and corrosion resistance 111. Furthermore, recent studies have 
demonstrated that thin steel sheets such as CASTRIP n steels can 
be engineered to display an attractive combination of high 
strength and ductility through carefully designed nitriding pro­
cesses 12 -6 1. The N-diffusion layers at the surface of the material 
provide strength whereas the soft N-diffusion free core maintains 
ductility |5|. The N-diffusion layer is ol particular interest in this 
study. Small amounts of N strengthen the steel by promoting the 
formation of ultra-line NbN cluster dispersions as well as solid 
solution strengthening from N that stays in the ferrite matrix 
J1 -4.7). Further additions of N encourage the formation of 
platelet-like iron nitride precipitates when the N content is above 
the solubility limit.
Atom probe tomography (APT) is an advanced microscopy 
technique whereby elemental and spatial information can be 
resolved in three dimensions. It has been widely used to study
* Corresponding authors
l  mail addrvsH’s: kelvin.xic«®sydney.cdu.au (ICY. Xie).
simon.ringen^sydney.edu.au (SP. Ringer).
0304-3991/S-see front matter 2011 Elsevier B.V. All rights reserved, 
doi -.10.1016/j.ult ramk.2011.10.003
ultra-fine features such as solute clusters in various alloy systems 
at the near-atomic resolution level, which would be challenging 
to investigate using TEM |8-I9|. Cluster size distribution and 
cluster chemical composition can be extracted from 3D atom 
maps quantitatively through precise data mining techniques 
[8,20.21). This makes APT an attractive tool to study clustering 
in steels, i.e. Nb(C, N) by Danoix et al. 1111, chromium nitride by 
Jessner et al. and Takahashi et al. |22,23| and NbN in the nitrided 
Nb-microalloyed steel featured in this study.
However, one challenge of using APT to study nitrided steels is 
that the quality of the mass spectrum deteriorates as the content 
of N in steel increases as shown in Fig. 1. which induces 
inaccuracy in chemical analysis and consequently cluster char­
acterisation. This deterioration is most strongly evidenced by the 
presence of a large tail after the Fe2 * peaks in spectra from 
nitrided steel. This artefact is especially problematic for the 
analysis of Nb as the tail overlaps the Nb3 peak. This causes a 
significant overestimation of the Nb content in the material and 
further imprecision in the clustering statistics. The application of 
energy compensated atom probe can alleviate the artefact but has 
the drawback of a significantly lower detection efficiency, which 
would be detrimental to clustering statistics.
The aim of this study is to understand the origin of the tail 
artefact that arises in the mass spectrum and to investigate the 
possibility of overcoming the problem using optimised APT
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H*. I. Comparison of the mass spectra of N-frec. low-N and high-N steels under 
voltage pulsing using 25% pulse fraction at 20 K.
pulsing conditions. In many cases (he utilisation of laser-pulsed 
atom probe instead of conventional high-voltage pulses, has been 
shown to significantly improve mass resolution |24). However, it 
has been shown that laser-pulsing can detrimentally affect the 
spatial resolution of the analysis |25.26|. Hence a range of laser- 
pulsing energies (from 0.2 to 1.2 nj) have been investigated in 
terms of the effect on determination of chemical composition and 
spatial resolution of the nitrided Nb-microalloyed HSLA steels and 
arc discussed in this work.
2. Experimental
A 1.2 mm thick Nb-microalloyed ultra-thin steel sheet 
(0.084 wt% Nb) produced using the CASTRIP technique was used 
in this study. Manufacturing details can be found elsewhere 
|7,27,28| and the chemical composition is listed in Table 1. The 
microstrucrure of the steel consists predominantly of bainite and 
acicular ferrite. The Nb atoms did not form precipitates (i.e. stayed 
in solid solution) in the as-received materials |5.27|. The steel was 
nitrided in a KNO, salt bath at S2S C for 4 h followed by water 
quenching. The total amount N accumulated was 0.059 wt% 
measured from LECO combustion analysis. Assuming the diffusion 
head has 1/10 surface nitrogen concentration, diffusion depth was 
calculated to be 490 pm |5|. Atom probe tips of low-N and high-N 
regions were obtained from the locations 400 and 100 pm under­
neath the specimen surface respectively. The corresponding N 
contents were calculated to be 0.018 and 0.068 wt%.
Atom probe tips (from N-free. low-N and high-N steels) were 
prepared using a standard two-stage electropolishing technique. 
Atom probe experiments were performed on an Imago (now 
Cameca) Local Electrode Atom Probe (LEAP 3000X Si. with laser 
wavelength of 532 nm. pulse duration of — 10 ps. a spot size of 
15 pm and a flight path of 90 mm). In high-voltage pulsing 
mode, the data were collected with a pulse fraction of 25% and 
~ 2 0 K  specimen temperature |29|. Laser energies of 0.2. 0.4. 
0.8 and 1.2 nj (corresponding field strengths of 19. 18.85, 16.42 
and 14 V/nm determined via analysis of the of charge-state ratios 
with respect to post-ionisation theory (30)) were used in pulsed 
laser mode. One million atoms were first evaporated using high- 
voltage pulsing mode to achieve relatively stable DC voltage and 
to shape the specimen. Subsequently, five million atoms were 
collected using high-voltage mode and again in laser-mode at
Tabic I
Cbemkal composition .w r ijo f  the sample investigated.
Specimen N Nb C Cr Ni Cu Mn Si
Nb microalloyed steel 0.007 0.084 0.031 0.37 0.03 0j0S 0.83 0 2
each different laser energy from the same specimen. Between 
each laser run. half a million atoms were evaporated in 
high-voltage mode to renormalize the tip shape. The starting DC 
voltage was 4 kV for all the tips and the increment in DC voltage 
from each serial study was within 0.2 kV. indicating similar initial 
radii and fairly small shank angles among all the tips. The 
reconstruction was built according to the protocol detailed by 
Gault et al. |26|.
3. Results:
3.1. Mass spectra
Fig. 2 shows multiple detector event correlation histograms, an 
approach recently proposed by Saxey (31). for both low-N and 
high-N steels from the data collected using voltage pulsing at 25% 
pulse fraction. Each point in the correlation histogram indicates 
the mass-to-charge-state ratios of two ions simultaneously co­
evaporated during a single pulse. Prominent tails tracing from 
Fe2 * (28) and N ' * (14) can be clearly observed and are indicated 
by the arrows in the figure. In the case of high-N steel, a tail from 
Fe2 * (28) and FeN2 * (35) can also be seen.
Fig. 3 compares the mass spectra of the high-N steel obtained 
using various laser energies. The tail after the Fe2 peaks, which 
severely overlaps the NbJr and Cu2 ‘ peaks for data collected 
using high-voltage pulsing, is significantly assuaged in the laser­
pulsing experiments. The mass resolution at both full-width half­
maximum (FWHM) and full-width tenth-maximum (FWTM) of the 
'hFe' peaks in the mass-to-charge ratio spectrum for both low-N 
and high-N steels under high-voltage pulsing. 0.2. 0.4. 0.8 and 
1.2 nj laser-pulsing mode experiments arc shown in Table 2. 
Introducing N into steels deteriorated the mass resolution under 
voltage pulses. When laser pulses were used, the mass resolution 
improved substantially compared to the data collected using 
voltage-pulsing. No further mass resolution improvement was 
observed when laser energies higher than 0.4 nj were used.
Another prominent feature in the mass spectrum obtained 
with relatively high laser engeries is the change in frequency of 
detected charge states (Fig SI shows mass spectra from the larger 
mass-to-charge ratio range (up to 70 Da) that shows the distribu­
tion of charge states). Higher charge-states (2+  and 3 + ) are 
dominant in both voltage mode and laser modes with low laser 
energies. However, the use of higher laser energies and the 
accompanying decrease in field strength at the surface of the tip 
resulted in a significant increase in detection of single charge- 
slate ions.
3.2. Chemical composition accuracy
The accuracy of compositional measurements for Nb. Cr. Cu 
and Mn concentrations were also monitored across the experi­
ments (these were the major alloying elements of the steel used 
in this study). Analysis of the composition of Si was excluded for 
the purposes because 28Sil and 2HSi2 ‘ overlap with 56Fc2 ' and 
UN ' . respectively, in the mass spectra, making analysis very 
difficult Fig. 4 shows the accuracy of composition measurements 
for both voltage pulses and different laser energies. The measure 
ment accuracy is assessed by the ratio of measured over nominal
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Fig. i. Companion ol mass spectra lor the high-N steel acquired by laser pulsing 
(0 .2 .0 .4 .0 .8  and 1.2 nj laser energies) at 20  K. The mass spectra o f low-N steel 
acquired by laser pulsing exhibited the same trend.
table 2
Mass resolution (m/Am ) o f 5“Ke' peaks at full-width halt-maximum (FWIIMJ 
and full-width tenth-maximum (FwrM) of N-frec steel. Low-N steel and lligh-N 
steel under different pulsing conditions. Larger value indicates better resolution.
N-frce Meet Low N steel High N steel
FWHM FWTM FYVHM KVVTM FWMM FWTM
Voltage pulsed 350 133 200 20 140 15
Laser pulsrd-0.2 nj 350 80 311 31
laser  pulsed-0.4 nj 500 122 560 147
Laser pulsed 0.8 nj 700 350 560 280
Laser pulsed-1.2 nj 700 400 700 250
a  450% 
400% 
350% 
|  300% 
|  250% 
a 200%
M
|  150% 
100% 
50%
b  750%
700%
75
|  300%
0
1  250%
I  200%
*  150% 
100% 
50%
Fig. 4. Chemical composition measured under voltage pulse (251  pulse fraction1 
and different laser pulse energies at 20 K for (a) low-N and (b) high-N steels. 
This figure highlights the severity o f the tail artefact on the overestimation of 
alloying elem ents for composition analysis More accurate composition can be 
achieved hy subtracting the background noise but it is impossible to differentiate 
the real signal from the tail.
compositions and 100% wouftfbe expected from good measure­
ments. The detected Nb concentrations were 400% and -  650% 
of the nominal amount in voltage mode for both low-N and 
high N steels. The use of laser pulsing improved the composition 
measurement accuracy and the detected Nh concentration 
approaches the nominal amount when laser energies of 0.4 nj 
and higher are used.
Similar observations were also made for Cr and for M n  in the 
case of the high-N steel (the low-N steel data for M n  was quite 
accurate for all analysis conditions). The detected Cu concentra­
tions were also higher than expected in voltage mode and became 
more accurate with increased laser energy except for an anom ­
alous measurement for Cu in high-N steel under high lasei 
energies.
3.3. Spatial resolution
The spatial resolution of APT is anisotropic but this is not 
unusual for a truly three-dimensional technique, in depth (z), 
prependicular to the detector face, the resolution is extremely high 
[32-35) and crystallographic inter-planar spacings < 0.05 nm can 
be resolved 1361. The limits of the resolution in the z-dimension are 
inextricably linked to the sequence of evaporation in the APT 
experiment. The lateral (x-y) resolution is more limited. This is due 
to a combination of trajectory aberrations occuring at the early 
stages of ionic flight and momentum transfer arising from thermal 
vibration of atoms at the surface.
Field desorption map and spatial distribution map (SDM ) 
analyses [25] were used to compare the x-y  and z-spatial 
resolution, respectively, for the different pulsing conditions on 
the low-N steel, as shown in Fig 5. A field desorption map is a 2D
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(b ) 0 2  nj (c ) 0.4 nj and (d ) 0.8 nj laser pulse energies A background noise 
reduction algorithm outlined by Moody et al. (38|has been used in the shown 
? -SDMs
histogram indicating the frequency of ion detection as a function 
of position on the face of the atom probe detector. No pole 
structure was apparent in the desorption maps for the high-N 
steel or for the highest laser pulse energy and therefore these 
conditions are not included in the analysis. The clarity of the pole 
structure in the desorption image can generally be seen as an 
indication of good x-y resolution within the tomographic recon­
struction 137], The pole structure was clearest when voltage­
pulsing was used and deteriorated with increasing laser energy 
(Fig. 5).
Spatial distribution maps (SDMs) are histograms indicating the 
average interatomic separations along a specific crystallographic 
direction |34|. The peak-to-peak distances and width of the peaks in 
a z-SDM give an indication of the average inter-planar spacing and 
resolution respectively within the selected region-of-interest along 
the chosen crystallographic orientation close to the z- (in-depth) 
direction |38|. In this study the (O il) pole was selected because it 
was the clearest across all pulsing conditions. A region of interest 
with 4 nm in radius, concentric with the (011) pole and extending 
throughout the reconstruction in the z-direction relative to the 
detector face was used to calculate each SDM.
The difference in width of the SDM peaks in Fig. 5 is difficult to 
visually descent, however, a quantitative measure of resolution in 
the < 011 > direction was calculated using a method given by 
Gault et al. |26|. This approach required fitting a Gaussian curve
H *. 6. Resolution o f the (110 ) plane as a function o f laser pulse energy used for 
the low -N  steel.
to the central peak of each z-SDM. The resolution can then be 
defined as .) = 2(t where <5 is the standard deviation of the fitted 
Gaussian curve and a is the resolution. Fig 6 is a graph of the 
calculated resolution in the (011) orientation within the selected 
region of interest for each pulsing condition. The resolution was 
found to be the best for 0.2 nj laser pulsing and deteriorated 
slightly with increasing laser eneigy. Surprisingly, resolution was 
found to be worst for the voltage-pulsing case.
4. Discussion
4.1. Origin of the tail in voltage pulsing mode
The deterioration of the mass-spectra of the nitrided steels 
results from the tails present following Si2 /N1’ (14 Da) and 
Fe2 * (28 Da). The latter is particularly problematic because it 
overlaps with Nb * and Cu2 * (31.31.5 and 32.5 Da). The aitefact 
followed the major Fe peaks, implying that the signal is from Fe2 
ions that have been delayed by some mechanism. One possible 
explanation for delayed evaporation is in-flight dissociation of 
complex ions 1311. It was observed that increasing the content of 
N both increases the severity of the tail after Fe2 and results in 
an associated increase of multiple events from 7% to 27% of all 
detected events. Since dissociated ions are detected as multiple 
hits, this mechanism was initially believed to contribute to the 
tail artefact. Flowever. when the voltage pulsing spectra were 
split into separate components based on the multiplicity of 
detector hit events |39). tails were present in both the single­
event and multiple-event mass spectra. Furthermore, if in-flight 
complex ion dissociation of FeN1 * (23.33 Da) took place, the 
travelling for the daughter ion N 14 (14 Da) should be delayed, 
contributing a tail after the peak. However, the travelling for the 
other daughter ion Fe2 4 (28 Da) should be accelerated, leading to 
a tail before the peak. Both tails from N + and Fe2 4 were obsetved 
to be after the peaks These evidences suggest that a mechanism 
other than in-fiight dissociation contributes to the tails.
Since tails are present in single and multiple mass spectra, the 
multiple-hit mass spectrum was selected to investigate the 
possible mechanism that leads to the formation of tail. In Fig. 2. 
the correlation histogram constructed from the multiple events of 
both low-N and high-N steels, it is interesting to note that tails 
mainly originate from point (14. 28). Each point corresponds to a 
pair of ions evaporated from the same pulse. When one l4N 14 and
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one '°Ke  ^ hit the detector within the same pulse, the points 
(14. 28) will be recorded. Trails from the {Mints indicated by 
arrows in Fig. 2 imply that some % Fe2 and '^N 1 ~ ion pairs take 
longer than expected to hit the detector. One possible explanation 
for that is that the presence of interstitial N in a ferrite matrix 
imposes a compressive strain to the surrounding Fe atoms, 
distorting the crystal structure, thus affecting the bonding energy. 
If some Fe and N atoms are more loosely bonded to the surface of 
the specimen, they might be evaporated before or after the 
voltage-pulse has reached its maximum, and hence will not 
acquire the full acceleration from the voltage pulse corresponding 
to a spread in the kinetic energy of the ions. Consequently, these 
ions would take longer to reach the detector, in turn leading to 
the artificially increased mass-to-charge-state ratios that contri­
bute to the formation of the tail after Fe2 ' and N 1 as shown in 
Fig. 1. The tail from (28. 35) in the high-N in the multiple event 
correlation histogram in Fig. 2 might be explained by the same 
mechanism; some “ Fe2 and ^Fe '^N2 ions take longer to hit 
the detector. This ‘delayed event' process occurs throughout the 
field evaporation of the specimen and eventually contributes to 
the tails on the correlation histogram and also the tails after 
major Fe peaks in the mass spectra. On the other hand, when 
pulsed laser atom probe was employed to study nitrided steels, 
the evaporation is thermally activated. Pulsed laser atom probe 
relies on thermal pulsing, whereby field evaporation is induced by 
the transient increase in the specimen surface temperature 
subsequent to laser light absorption by the specimen |40,41). 
At low laser energies a tail is still observed. This is again due 
to delayed field evaporation, but now related to the duration of 
the thermal pulse, rather than a kinetic energy spread. As the 
laser energy is increased, the tail from the delayed evaporation is 
alleviated, presumably due to changes in the thermal pulse 
characteristics. At higher laser energies (higher temperatures), 
the differences in evaporation field between different species are 
generally smaller |42|. This may induce a smoothing of the field 
evaporation process and reduce the likelihood of delayed field 
evaporation.
The tails following Fe2 ' peaks in Fig. 1 observed in voltage 
pulsing mode experiments are not unique to nitrided steels. The 
phenomenon was also observed in other highly alloyed steels 
such as Al-Mn alloyed TWIP steels. For these cases, the tail was 
also successfully reduced by the application of laser pulsing, 
which improved the mass resolution significantly.
4.2. Moss spectra
The mass resolutions of 56Fe2 + peaks (FWHM and FWTM) are 
summarised in Table 2, It can be clearly seen that for voltage 
pulsing, increasing the N content in the steel decreases the mass 
resolution. The application of laser pulsing reduces the tail (as 
seen in Figs. I and 3) and improves mass resolution substantially. 
If the laser energy is too low, a high background noise level and a 
long tail after Fe2 + peaks can be observed |43). Very high laser 
energies also should also be avoided. High laser energies are 
known to deteriorate mass resolution due to excess heating. 
The field evaporation of materials in laser mode is considered 
by most to be a predominantly thermally activated process |44|. 
The temperature rise can be as high as few hundred K [41 j. 
The mass resolution is highly dependent on the rate at which the 
tip cools down. Heat dissipation is difficult for materials with low 
thermal difTusivity and relatively small shank angles |45|. If the 
heat is not dissipated between pulses it will accumulate, enabling 
atoms from the surface of the tip to evaporate between laser 
pulses, and leading to high noise levels and a long tail after major 
peaks |46|. In this study, better mass resolution was achieved 
when laser was used instead of voltage pulsing and laser energies
higher than 0.4 nj did not further improve mass resolution. 
However, lasei energies up to 1.2 nj (the maximum energy tested) 
did not deteriorate the mass resolution either, even though the 
shank angle was fairly small ( -8 ). This is probably due to the 
good thermal difTusivity of the specimen.
Another feature observed in mass spectra was that atoms 
evaporated at higher laser energies were more likely to be in the 
single charge state, whilst voltage mode and lower laser energies 
resulted in higher charge states (2 + and 3 + ). as shown in Fig. S I . 
This agrees well with observations from many other studies of 
various materials |24,43|. The observed distribution of ion 
charge-states depends upon the strength of the applied electric 
field. Interestingly, complex ions such as FeN2*. FeN2 *, FegN2 * 
were also observed under high laser energy, which were not 
previously found in voltage mode or low laser energy runs. This is 
because the formation of complex ions is favoured under low field 
and at high temperature (both correspond to high laser energy 
pulses). It was interesting to note that at a high laser energy such 
as 17 nj, although complex ions formed, the proportion of multi 
pie events was only 1.6% compared to 27% under high voltage 
pulsing. This indicates that there was nearly no in-flight dissocia­
tion of complex ions occurring during field evaporation for this 
specific group of materials.
4.3. Chemical composition accuracy
The most significant factor affecting chemical composition 
measurement was the Fe2 ‘ peak tail artefact overlapping adja­
cent solute peaks in the mass spectra. Four major alloying 
elements were selected to assess the effect of laser energy on 
chemical composition accuracy In the mass spectrum collected 
using voltage pulsing. Nb and Cu peaks are to the right of Fe peaks 
(affected by the tail). Cr is to the left and Mn is in-between the 
Fe peaks.
The measured concentration of elements with mass-to-chargc 
ratios immediately alter the Fe2 peak that overlap with the tail, 
the background noise can be as high as 550% of the nominal 
composition. Since the heavy overestimation of Nb composition 
in nitrided steels under high voltage pulsing was mainly due to 
the tail, more accurate compositional measurement can be 
achieved by subtracting a background equivalent to the projected 
height of the tail (Fig. 7 describes this procedure). The Nb 
composition measurement was found to be much more accurate
Fig. 7. tslimation of N b ' counts by removing background noise from Che tail 
artefact after Fe’ peaks. Note that the axis for counts is at linear scale instead of 
log scale
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( - 120% and 170% of the nominal amount for the low-N and high- 
N steel) after the tail background was removed. Similarly, the 
measured Nb concentration under low laser energy pulses is 
substantially higher than the nominal value due to the overlap 
with Fe2 ’ tails. Removing the background noise can lead to much 
improved composition measurement accuracy. However, there is 
no way to differentiate signals from Nb atoms and the tail formed 
by Fe2 * with delayed evaporation. Hence it is impossible to filter 
out noise in a 3D atom map. This makes Nb clustering analysis 
inaccurate. Pulsed laser evaporation, which provides more accu­
rate Nb counts in the first place, should be applied instead of a 
background removal approach.
It was also noticed that the measured concentrations of Cr (in 
both low-N and high-N steel) and Mn (high-N steel) under voltage 
pulsing are also significantly higher than the nominal amount and 
the composition obtained in N-free steel under the same condi­
tions. One possible explanation is that the presence of N as an 
interstitial element affected the bonding energy of Cr and Mn in 
ferrite that lead to preferential retention of Cr and Mn |47|. The 
exact reason is still unclear. However, such a problem can also be 
alleviated by the application of laser pulses. Since laser pulsed 
field evaporation is considered a thermal process and the energy 
difference required for field evaporation between different spe­
cies is small at higher temperature, preferential evaporation or 
retention were suppressed, so much more accurate composition 
detection is achieved.
It should be noted that high laser energies should be avoided. 
High laser energies change the ion charge states as well as result 
in the formation numerous hydride and nitride complex ions. For 
example, it is difficult to distinguish P1 * and Nb1 ‘ . which can 
subsequently affect the Nb-rich cluster analysis. The Cu composi­
tion measurement is overestimated under high laser energies 
especially in the high-N steel because C u '4 overlaps with FejN2 
when laser energies of 0.8 nj and higher are used.
4.4. Spatial resolution
Only minor variations in the in-depth resolution were 
observed (0.057-0.063 nm) for the pulsing conditions tested. This 
observation is in agreement with similar studies done on Al and 
W  |32|. Different pulsing conditions should not change the 
measured in-depth resolution significantly because all atoms on 
the top-most layer are likely to evaporate before any atoms below 
|48). Any errors in the attributed in-depth increment are there­
fore likely to be small especially when only a limited region of 
interest (-  4 nm) around a single pole is used. Some corruption of 
the evaporation sequence due to higher laser energies is evident 
however from the observed drop in peak amplitude of the /'- 
SDMs (Fig. 5). This is most likely due to the increased severity of 
non-uniform evaporation under higher energy laser pulses. It is 
also interesting to note that laser pulsing produced slightly better 
in-depth resolution than voltage pulsing. A reduction in the 
difference in the evaporation field under laser illumination could 
be one reason for this.
The effect of laser energy on the lateral component of the 
reconstruction is more severe, as evidenced by the observed 
deterioration of the desorption images with increasing laser 
energy, which is an indication of poorer lateral positioning of 
atoms. The lateral resolution could not be measured directly using 
the method of Gault et al. {33] because x-y SDMs could not be 
generated with any useful signal. This is often the case for APT 
reconstructions of multicomponent alloys. Thermally activated 
surface diffusion or atom roll-up |49) is the most likely reason for 
this observation, caused by atoms being field evaporated while 
moving away from their original positions resulting in significant 
deflections to the ion trajectories |37], Furthermore, field
evaporation under laser pulses is non-uniform, so that the speci­
men end-form under direct laser illumination has a larger radius 
150,511. This deviates from the assumption of a spherical speci­
men end-form for the data reconstruction. High laser energies 
should therefore generally be avoided to optimise spatial resolu­
tion within the reconstructions.
5. Conclusions
• In this study the problematic tail artefact that can arise 
directly after the Fe2 peaks in the mass spectrum of vol­
tage-pulsed atom probe data of N-containing steel was inves­
tigated. The artefact is considered to be attributed to the 
delayed evaporation of Fe ions. This problem was successfully 
resolved using pulsed laser atom probe with suitable laser 
energy.
• A range of laser energies from 0.2 to 1.2 nj were tested. 
All laser pulsing data displayed improved mass resolution 
along with more accurate composition measurements com­
pared to data collected using voltage pulsing. However, very 
low or high laser energies were found to be detrimental to the 
quality of data collected.
• Low laser energies (below 0.4 nj) resulted in increased DC 
evaporation, causing significant deterioration of the mass 
spectrum. Whilst high laser energies (above 0.4 nj) resulted 
in the formation of complex ions, which were challenging to 
deconvolute.
• High laser energies were detrimental to spatial resolution. 
Although no significant drop in the /-resolution relative to the 
detector face was measured, a clear reduction in the resolution 
in the x- and y-directions relative to the detector face with 
increasing laser energies was observed. The increase in the 
specimen tip temperature with an increase in laser energy is 
believed to have promoted surface diffusion processes and 
explains this observation. Therefore, pulsed laser atom probe 
with -  0.4 nj laser energy can be used to study this group of 
materials (as shown in Fig. S2) with improved mass resolution, 
chemical accuracy and decent spatial resolution.
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High Strength and Retained Ductility Achieved in a Nitrided Strip 
Cast Nb-Microalloyed Steel
KELVIN Y XIE. SACHIN L SHRESTHA. PETER J. FELLER. JULIE M. CA1RNEY.
CHRIS R KILLMORE. KRISTIN R CARPENTER. HAROLD R KAUL. 
and SIMON P. RINGER
The current study investigates the strengthening of an Nb-raicroallyed CASTRIP' steel at 798 K 
(525 "Cl by nitriding in a KNO, salt bath. Nitriding up to I hour dramatically increased the 
yield strength of the steel by -35 pet (front 475 to 645 MPa) with no sacrifice of ductility 
(-16 pet). Further nitriding led to brittle fracture. Hardness profiles of the nitrided steels 
through the thickness reveal hard surfaces and a relatively softer core. The hardening of the shell 
in the nitrided steels is thought to be the combined effect of solid solution strengthening from 
nitrogen and dispersion strengthening from clusters and precipitates. The retained ductility is 
attributed to the hard-shell soft-core structure through nitriding.
DOI 10.1007 si 1661-012-1446-4
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I. INTRODUCTION
T h in  steel sheets with a combination of strength and 
ductility have applications in the construction and 
automotive industries. CASTRIP' is a revolutionary 
twin-rolling method of producing steel strip directly 
from liquid. Thin (from -0.8 to 1.5 mm) strip steel can 
be produced with significantly less energy, time, and 
floor space, while maintaining an increased output 
compared with conventional slab-casting techniques. 
Both plain carbon steel and Nb-microalloycd steel have 
been produced using this method 11 Hot-rolled 0.084 wt 
pet Nb-microalloyed steel (08Nb steel) typically has a 
yield strength of 475 MPa with 15 pet total elonga­
tion.|:| With a combination of good mechanical prop­
erties. low-cost, and low-energy processes, steel sheets 
manufactured from the CASTRIP" process constitute a 
new group of structural materials, having the potential 
to substitute some of the hot and cold rolled products, 
currently available in the market.
Previous studies have shown that Nb atoms are 
retained in the matrix as a supersaturated solid solution 
with no apparent Nb-rich precipitates dispersion be­
cause of the relatively fast cooling rate of the 
CASTRIP' process.1 4| As the C and N contents in
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CASTRIP* sleds arc fairly low (i.e.. 0.031 and 0.007 wi 
pet. respectively) and ihe linal thickness of the as hot- 
rolled Nh-steel sheets is between 0.8 and 1.5 mm. rapid 
diffusion of nitrogen into the steel is possible This 
process provides the opportunity to further strengthen 
the Nb-microalloycd steel through nitriding via intersti­
tial solid solution strengthening from N and dispersion 
strengthening from fine nitride clusters.
Nitriding is commonly used to improve the surface 
hardness, fatigue life, tribological properties, and cor­
rosion resistance of steels.1' 1 Nitrogen is an interstitial 
element in steel and has five times higher solubility tit 
fertile than carbon at room temperature.15' This 
increases nitrogen solid solution strengthening potential 
and reduces the formation of precipitates; especially the 
coarse grain boundary precipitates that can contribute 
to brittle fracture of steels compared with carbon. 
Various techniques such as sail bath nitriding.'6 8| gas 
minding.*9-10' laser nitriding.'"1 and plasma nitrid­
ing"''* 'have been developed to nitride steels. Among 
the techniques mentioned above, salt bath nitriding is 
one of the most conventional methods to induce 
nitrogen clement diffusion into thin steel sheets without 
complex apparatus Nitriding is largely used to improve 
wear resistance and fatigue strength of bulk steel 
components.'14151 Nitriding has also been used to 
significantly improve the overall strength for thin steel 
sheets, but usually at the cost of a substantial reduction 
in the total elongation compared with specimens that 
have not been subjected to nitriding.'8-161
In the current study, it was found that the overall 
yield strength of the 0.084 w t pet Nb-microalloyed steel 
sheets (08Nb steel) improved from 475 to 640 MPa 
(corresponding to a 35 pet increase) after nitriding for 
I hour at 798 K (525 °C) in a KNO, salt bath, and this 
strengthening occurred with no significant change in the 
total elongation. The nitrided steel sheet consisted of a 
hard-shell soft-core structure which combined to result
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in an attractive blend of mechanical properties, includ­
ing high hardness, high strength, and good ductility The 
improved strength »as attributed to the N diffusion 
layers on both sides of the steel sheet, providing a hard 
shell The retained ductility is thought to stem from the 
lower-N soft core. Atom probe microscopy (APM) was 
used to study the changes in microstructure at different 
depths from the surface to the center of the nilrided steel 
so as to provide insights into the microstrueturc 
property relationships.
II. MATERIALS AND METHODS
The hot-rolled 0.084 wt pet Nb (08Nb) steel coupons 
were manufactured via the CASTRIP process ' The 
chemical compositions and processing parameters of the 
steel are listed in Table 1 Steel coupons were then 
nitrided in a KNOj salt bath (Jctlow Furnace. Mel­
bourne. Australia) at 798 K (525 °C) for I and 2 hours, 
followed by water quenching. No obvious recrystalliza­
tion or grain growth was observed from optical micro­
graphs of these samples. The yield strength and total 
elongation for each specimen were obtained using 
ASTM standard tensile tests on dog-bonc-shaped cou­
pons with a cross section of 10 x 1.2 mm* and a gauge 
length of 50 mm and a strain rate of 0.008 s Nitrogen 
pick-up during nitriding for different times was mea­
sured by LECO combustion analysis. Hardness values 
through cross sections of the samples were measured 
using a Vickers micro-hardness indenter with a I kg 
loud.
Images of fracture surfaces from the nitrided steel 
coupons post-tensile tests were captured using an FEI 
Quanta 200 3D scanning electron microscope (SEM) 
using in-lens detector. Incorporating detailed analysis of 
atom probe mass spectra, field desorption imaging, the 
APM was performed on a Local Electrode Atom Probe 
(LEAP 3000X Si) operating at -40 K with laser energy 
of 0.3 nJ. a flight path of 90 mm. and a pulse repetition 
rate of 200 kHz. parameters that have previously been 
found to yield high quality data with a good combina­
tion of mass resolution and spatial resolution for this 
type of steel.1' 71 Site-specific needle-like specimens with 
~20-nm radius for APM were prepared 25. 100. 200, and 
500 /nil underneath the surface by focused ion beam 
(FIB. FEI Quanta200 and Zeiss Auriga) Atom 
probe samples were prepared at 30 kV and then cleaned 
using a 5-kV Ga beam.1 IS 191 The low acceleration 
voltage in the FIB yields a Ga-frcc region of interest. 
This way, preservation of the original cluster distribu­
tion can be maintained during the FIB process. The 
APM data were then reconstructed using the protocol 
described by Gault el i//.,'20' and the parameters used 
were further confirmed through SEM images of the 
post-field evaporation specimens to determine the tip
radius and the volume for each of the APM data. 
Clusters larger than five atoms were analyzed quantita­
tively using a cluster identification and analysis program 
culled core-linkage algorithm to extract information 
such a s  cluster size distribution, number density, and 
chemical composition.1211
III. RESULTS
The initial (hot-rolled) microstructure was the subject 
of a previous detailed investigation*2' and was shown 
to consist mainly of bainite and acicular ferrite 
(Figure 1(a)) with no evidence of any precipitation 
(Figure 1(b)) Figure 2 shows a typical stress strain 
curve for the ()8Nb steel nitrided at 798 K. (525 C") for I 
and 2 hours, compared with the as-received steel. The 
as-received ()8Nb steel had a yield strength of 475 MPa 
with -16 pet total elongation. The yield strength 
increased up to 640 MPa (corresponding to a 35 pet 
improvement) after I hour KNO.i salt bath nitriding, 
with no sacrifice in ductility. Longer nitriding up to 
2 hours further increased the yield strength, but resulted 
in brittle failure. Both the as-received and 1-hour- 
nitrided steels underwent a substantial amount of plastic 
deformation before fracture, while the 2-hour-nilridcd 
steels had no appreciable plastic deformation. Fracture 
surfaces of the steels alter tensile tests arc shown in 
F igure 3. The I-hour-nitrided steel had a highly dimpled 
fracture surface, characteristic of ductile fracture. Cleav­
age facets were clearly seen on the 2-hour-nitrided steel 
indicating a primarily brittle mode of fracture. It is 
interesting to note that the fracture surface appearance 
was consistent through the thickness in both I and 2- 
hour-nitrided steels although their mechanical proper­
ties were not uniform through the thickness (described 
in next paragraph).
Figure 4 depicts the hardness profiles of the 
as-received. I - and 2-hour-nitrided steels in the thickness 
direction. The hardness of the as-received steel was 
uniform across the thickness, while the nitrided steels 
displayed higher hardness toward the surfaces and 
relatively lower hardness near the center. There is a 
gradient in the hardness profile, and no sharp single 
interface was observed to divide the soft core and hard 
shell.
Since the 1-hour-nitrided steel displayed the balanced 
combination of strength and ductility, its microstructure 
was characterized and investigated in detail using APM. 
APM results from the specimen taken from 25 pm 
underneath the surface (the regions directly below the 
surface to which most strengthening is presumably 
attributed) showed clustering of atoms from the peaks 
in the mass spectra attributed to Nb NbN, Mn. Cr. and 
FcN as displayed in Figure 5. For specimens taken at 
100. 200. and 500 pm underneath the surface, only
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Ktg i tai Optical micrograph showing Ihc ferritic cram structure o f  ttXNb steel, and (frt representative bright field TEM talen closed to (0011 
/one axis showing no dispersion o! precipitates
fig  2 Typical engineering stress-strain curves of as-received, l-h-nitrkled. and 2-h-nittided OXNb steels.
clustering from Nh NbN was observed, and the three- 
dimensional atom maps from these areas are presented 
in Figure 6. Figure 7 summarizes the cluster size i,\ 
density distribution for clusters sized more than five 
atoms. For the specimen taken at 25 /tin below the 
surface, clustering species including Nb NbN. Mn, C'r. 
and FeN signals were analyzed. Only Nb NbN signals 
were used in the core-linkage algorithm for the other 
three specimens (100, 200. and 500 fan below the 
surface) because no species other than Nb NbN were 
observed to cluster. The outermost tip (25 itm under­
neath the surface) had the highest number density of 
clusters for all the sizes. There is a general trend that the 
cluster density decreased as the specimens were taken 
further away from the specimen surface.
IV. DISCUSSION
The design concept of the nitrided steel thin sheets w ith 
hard- shell soft-core is. in fact, similar to the gradient nano­
grained copper reported by Fang et a/.1231 In their approach, 
a surface treatment technique called surface mechanical 
grinding treatment (SMGT) was employed to refine the 
sample surface grains down to 20 nm to provide strength 
from the hard shell. The unaffected center part still had 
micron-sized coarse grains to retain the ductility, serving as 
the soft core. The hard- shell soft-core-structured Cu was 
10 times stronger and had comparable ductility to coarse 
grain Cu. Similarly, in our study, the nitrogen diffusion 
layer served as hard shell to provide strength, and the non- 
nitrided center region acted as soft core to retain ductility
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t ig 3 SEM im ago of fracture surfaces o f the Nb-mkroalloyed 
'loci alter (i<) I It. and (M 2 h uilriding at ?9I< K (525 “C'l in a Is NO, 
salt hath
with a gradient hardness profile. The overall yield strength 
was improved by 165 M Pa without sacrificing ductility. The 
strengthening mechanism in the diffusion layer is consid­
ered to be a combination of interstitial solid solution 
strengthening from nitrogen, and dispersion strengthening 
from line clusters and precipitates.
Interstitial elements such as nitrogen and carbon atoms 
are believed to occupy the voids and interstices among the 
matrix atoms. This introduces strain fields that hinder the 
free movement of dislocations, resulting in strengthen­
ing.151 Owing to the low initial nitrogen content (0.007 wt 
pet) in the as-received steel, the nitrogen diffusion 
behavior could be approximated using the nitrogen 
dilTusion in ferrite model. The diffusion coefficient of 
nitrogen in ferrite (Dj^) at 798 K (525 °C) was calculated 
to be 3.06 x 10 ’* n r  s 1 using the equation:
/)^ =  3.789 x 10 7exP ( - ^ ) ,  [I]
where O -- 77.8 kJ mol 1 the activation energy for 
nitrogen diffusion. R = 8.3143 J mol 1 K 1 (the ideal
gas constant), and T 798 K (525 ^C) is the absolute 
tem perature15 8-23' The salt bath was assumed to be 
able to provide an infinite amount of nitrogen. The 
nitrogen concentration at depth v (C ,) is then calcu­
lated using the non-steady-state diffusion model:
where i \  is the nitrogen concentration at the surface 
that was assumed to be constant fit is also the solubil­
ity of nitrogen in ferrite at 798 K (525 C)]. erf is the 
Gaussian error function, and t is the nitriding lime in 
seconds. If the nitriding distance (v) is defined as the 
depth where C v C\ I0.|1K| then the nitriding dis­
tance can be expressed as:
.v= 2 . 3 2 / 0 ^  [3]
The N content was 0.025 wt pet after I-hour nitriding. 
and the diffusion depth was estimated to be 240 pm 
(using the depth where C\ = C\ 10 as the diffusion 
distance), indicating that the steel sheet (with 1200 pm 
in thickness) consisted of about 40 pci by volume hard 
shell and 60 pet by volume relatively soft core. The 
calculated diffusion distance agreed very well with the 
hardness profile as the hardness values measured less 
than -240 pm from the surface were fairly consistent as 
shown in Figure 4.
Besides the nitrogen interstitial solid solution, a 
dispersion of clusters would also contribute to the 
overall strengthening. The solute atom clustering near 
the surface (where tile nitrogen content was high) 
involved multiple elements. This was because the alloy­
ing elements in the strip cast steel such as Nb. Mn. and 
Cr are strong nitride formers.1241 Iron also can form iron 
nitride in a nitrogen-rich environment. Our experimen­
tal observations revealed that Nb. Mn. Cr. and FeN 
have clustered and eo-clustered in the specimen 25 pm 
underneath the surface as shown in Figure 5 with a total 
density of 2600 x 101' clusters cm for clusters sized 
more than 5 atoms. The clustering in specimens taken 
from 100, 200. and 500 pm underneath the surface was 
observed to contain mainly Nb. Using only the Nb 
signal in these three specimens, the total number density 
of clusters sized more than five atoms decreases from 
630 x I015 to 290 x 10|5 clusters/ cm3 as the specimen 
gels further away from the surface and closer to the 
center. Notice that the specimen closest to the surface 
has a significantly larger cluster number density than the 
specimens taken more toward the center, because 
multiple signals such as Nb, Mn. Cr. and FeN were 
selected in the core-linkage analysis. In all specimens, 
most of the clusters are very small, consisting of only 
from 10 to 40 atoms (with -50 pet atom probe detection 
efficiency taken into account), and are therefore very 
challenging to characterize using other techniques.
It is also interesting to note that, although the 
specimen at the center of the steel sheet has not been 
affected by nitrogen diffusion, there are still some Nb- 
rich clusters present. This is because the as-received steel
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Fiji 4 Vicker s hardness profile» o f the as-received steel (circles). 1 h-nitridcd (squares) and 2-h-nitridcd (diamonds), from the center o f  the 
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f ig 5 JD  a loin maps displaying clustering of Nb NbN. Mn. Cr. and FeN in the specimen prepared from 25 pm below the surface after apply­
ing core-linkage algorithm.
contained small amount of N (0.007 wt pel) and C (0.03 
wt pet), so that Nb atoms formed niobium carbonitride 
clusters upon heating. A feature of the CASTRIP* 
process is the complete retention of Nb in solution due 
to the rapid solidification and relatively fast cooling rate 
of the strip. This enables significant Nb age hardening
METALLt RGICAL AND MATERIALS TRANSACTIONS A
on reh ea tin g .T h e  slightly higher hardness obtained at 
the center of the l-hour-nitrided steel compared with the 
as-received steel confirms the age hardening effect from 
Nh atom clustering. The improved strength in the 
l-hour-nitrided steel is thus attributed to both intersti­
tial solid solution strengthening from N and cluster
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F ig 6 3D atom maps displuming clustering of Nb NbN in the specimens prepared from u/i 100. (A») 200. and (r) 500 jim below the surface after 
applying core-linkage algorithm.
dispersion strengthening. However, the contribution of 
each strengthening mechanism to the overall improved 
strength is diliicult to discern because N content and 
cluster volume density change through the steel sheet 
thickness.
Data mining on the APM results also provides insight 
into the partition of Nb solute atoms between clusters 
precipitates and ferrite matrix, which is difficult to 
measure using conventional characterization techniques. 
The partition of Nb solute atoms can be calculated by 
number of clustered precipitated Nb atoms detected by 
core-linkage algorithm divided by the total number of 
Nb atoms collected in the APM raw data. It was found 
that 46 pet of all Nb atoms were partitioned into 
clusters in the specimen prepared from 25 /mi below the 
surface (i.e.) the diffusion layer. Only 14 pet of all Nb 
atoms were partitioned into clusters in the specimen 
prepared from 500 /mi from the surface (i.e.) the non- 
dilfused core.
It is also important to understand why the 1-hour- 
mtrided steel could retain ductility with a 35 pet 
improvement in strength It is increasingly recognized
that the alloys with bimodal structures hard and 
soft structures co-existing in the same material) can 
possess extraordinary strength and high tensile plastic- 
ityjii.ie.i?1 por cxampic free standing nanocrystallinc 
materials are generally strong but brittle. However, 
when the nano-grains were embedded or attached to 
coarse grains substrate, the ductility may be comparable 
to that of coarse grain materials, notw ithstanding their 
very high strength. This is because the strain localization 
in the nanocrystallinc region is suppressed with the 
presence of more ductile coarse grains. In our study, the 
strong but brittle diffusion layer (it is difficult to directly 
measure the mechanical properties of the diffusion layer, 
the high hardness reflects the strength and 2-hour 
nitriding caused primarily brittle fracture suggests brit­
tleness) is supported by a soft and ductile non-dilfused 
core,1 1 with a hardness transition between them. This 
gradient architecture avoids a sharp interface and 
effectively suppresses the strain localization, offering a 
substantially uniform plastic deformation and decent 
ductility.’2-1 However, quantifying the translation of 
hard-shell on the overall strengthening is very difficult
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clustering analysis, while only Nb NbN signals were used for the other three tips
T able II. Mechanical Characteristics of C A ST K IP  Products (Both Before and Vfltr Nilriding. Italic) Compared with the
Commonly Used H SLA  Steels1211
H S L A  Steels Y ield  S lren g lh  (M P a ) D u ctility  (P e t) T y p ica l A p p lication s
A 44 0 290 23 stru ctu ral bolted  o r  riveted
A 63 3 G ra d e  t 38 0 21 stru ctu ral at low am b ien t tem p eratu res
A 656  G ra d e  1 552 15 truck fram es ad railw ay ca rs
(WAT) S t e e l 4 7 5 16
1 I l n u r  S h r i l l e d  IM .W h  S t e e l 6 4 5 16
even in the finite element modeling, os its mechanical 
property varies continuously through ihe sample thick­
ness. and there is no sharp boundary between hard-shell 
and soft-core.
Further nitriding up to 2 hours resulted in brittle 
fracture. It is known that prolonged nitriding results in 
the formation of coarse iron nitride precipitates, both 
within grains and along grain boundaries.1' 1 which lead 
to a brittle fracture in the specimen. Furthermore, as the 
nilriding time increased, the core volume fraction 
reduced. For example, from the hardness profile 
(Figure 4). it can be determined that the volume fraction 
of the soft core decreased from 60 pet in l-hour-nitrided 
steel to 42 pet in the 2-hour-nitrided 08Nb steel (using 
the depth where C\ = (  \ 10 as the diffusion distance to 
differentiate hard shell from soft core). The decreased 
proportion of the soft core may not be enough to 
effectively suppress the strain localization on the hard 
shell, which was expected to also have contributed to the 
brittle fracture. As the 2-hour-nitrided steel fractured at 
-5  pet strain, detailed APV1 analysis was not carried on 
this steel.
Table II summarizes the mechanical properties of 
some commonly used HSLA steels together with those 
obtained in the current study for the 08Nb steels before
and after nitriding for comparison. The yield strength 
for MSI.A steels generally ranges from 300 to 550 MPa 
with total elongation from 15 to 20 pet.1' ’ 1 The l-hour- 
nitrided steel exhibited very high yield strengths o f 645 
MPa compared with other conventional HSLA steels, 
with good ductility of 16 pet.1 ' ! As CA STRIP" is tin 
environmental-friendly process for the manufacture of 
thin strip s t e e l s 1 and nitriding up to I hour is a 
relative direct way to further strengthen the steel 
without sacrificing ductility, the nitrided CAST RIP'1 
steel is considered to be potentially a cost-effective and 
energy-efficient candidate material for many structural 
applications.1:81
V, CONCLUSIONS
The current study investigated the nitride strengthen­
ing of a commercial Nb-microalloycd steel at 798 K 
(525 °C) in a K.NO3 salt bath. In the l-hour-nitrided 
steel, substantial improvements in strength were 
recorded without the loss o f ductility, as compared with 
the as-received steel. The strengthening was attributed to 
the combination of interstitial solid solution strength­
ening b\ N. and a dispersion of Nb- and N-rich solute
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atom clusters. The combination of high strength with 
good, retained ductility was attributed to the soft core, 
where the softer, non-dill'used center region able to 
suppress strain localization in the harder dilfusion layer. 
Nitriding up to 2 hours further strengthened the steel 
but lead to much less ductility. The increase in hard shell 
and diminishing in soft core probably contribute to the 
primarily brittle fracture In conclusion, a hard- shell 
soft-core structure concept that resembles the l-hour- 
nitrided steel max be implemented in thin steel sheet 
products to not only improve the surface hardness and 
wear resistance, but also to enhance the overall strength 
of the material without compromising ductility
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METALLURGICAL AND MATERIALS TRANSACTIONS A
Chapter 6 -  The Effect of a cluster dispersion of the 
mechanical properties of nano-scale specimens
Previous chapters have demonstrated that introducing very fine Nb-rich clusters 
strengthened the bulk CASTRIP® steels substantially. This is because a dispersion of 
fine clusters pinches the free movement of dislocations so that additional stress is 
required to cut through or bow around them, leading to improved steel properties and 
therefore improved products. Equipped with the knowledge of the roles of clusters in 
macro-scale samples, a subsequent task is to understand their effect in nano-scale 
samples. In this chapter, in situ nanocompression in a transmission electron microscope 
was used to address the problem. Firstly, the deformation behavior of a-Fe nano-scale 
specimens was studied to obtain the understanding how specimen size could affect 
specimen strength and deformation behavior. Then, a more in depth and detailed 
investigation was performed to understand how mechanical properties in nano-scale 
samples can be influenced by introducing cluster dispersion.
In the paper titled ‘Insight into the deformation mechanisms of a-Fe at the nanoscale’, 
published in Scripta Materialia, the author of this thesis performed in situ nanocompress 
test, anaylsed the data and was the primary writer of the manuscript. In the manuscritp 
titled ‘The effect of dislocation density and cluster dispersion on the strength and 
deformation behavior of 150 nm a-Fe nanopillars’, which is under consideration at Acta 
Materialia, the author of this thesis collected and analyzed APT data, performed in situ 
nanocompression, interpreted the results and was the primary writer of the manuscript.
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In situ com pression transmission election m icroscopy was used to  investigate the deform ation behavior o f  alpha-He nanobludes. 
The results showed an inhom ogeneous deform ation process, composed o f  a series o f  short displacem ent bursts and single lurge dis­
placem ent bursts. The short displacem ent bursts were associated with the collective m otion o f  dislocations within the specimen, 
whilst the large displacem ent bursts occurred through dislocation-assisted slip band form ation nucleated from  the surface o f the 
nanobiadcs.
© 201 I Published by I Isevict Ltd on  behalf o f  Acta M atcrialiu Inc.
Keyieords In situ transmission electron microscopy: Deformation: Slip band: Displacement burst; Fe
The emerging trend for ihc development and 
application of nanodevices demands the understanding 
of the deformation and failure mechanism of materials 
at nanoscale [1.2] It is increasingly recognized that spec­
imen size has a strong influence on the deformation 
behavior of materials. Plastic deformation of crystalline 
materials at the macroscopic scale is generally carried 
out by the movement and multiplication of dislocations. 
Increases in dislocation density subsequently lead to 
strain hardening However, deformation in nanoscale 
specimens under compression occurs very differently. 
The stress strain curves show serrated yielding under 
ihe displacement control mode and show a staircase 
shape under load control for both facc-centred cubic 
(fee) [3 10] and body-centred cubic (bcc) [7,10 21] mate­
rials. This has been attributed to dislocation avalanches 
[22.23], This apparently intermittent deformation behav­
iour is associated with a series of small strain bursts, 
together with a discrete series of larger strain bursts. 
Several attempts have been made to statistically evaluate 
the magnitude of the strain burst in order lo explain the 
observed imcrmittency [7,22,23]. However, the funda­
mental mechanisms behind the strain bursts remains 
unclear. To clarify this, we conducted an in situ 
compression transmission electron microscopy (TEM) 
investigation of bee s-Fc single crystal nanobiadcs.
’ Corresponding authors F-mail addresses: yanbo.wang^isydney 
edu.au: sinion.ringcrtasydney edu au
The nanoblade geometry allows us io produce electron 
transparent specimens so that detailed microstructura! 
evolution during the deformation process can be ob­
served in the TEM.
The material used in this study is a commercial high- 
strength low-alloy steel. The chemical composition of 
the steel is provided in Table S I. Only the bcc *-Fc solid 
solution structure is observed in the material [24] and 
the grain sizes are larger than 5 pm. Single crystal blades 
~400 nm in width and —100 nm in thickness were 
prepared using a focused ion beam (FIB; FEI Nova 
200 and Helios instruments) at 30 kV. In situ TEM com­
pression tests were carried out in a JOEL JEM-2100 
transmission electron microscope using a Hysitron PI 
95 TEM Picolndenler with a flat diamond punch 
operating under the displacement control mode at a dis­
placement rate of 10 nm s '.
Altogether, six nanobiadcs were compressed in this 
study. Figure I depicts a typical force displacement 
curve Ibra compression test of a nanoblade. Both a series 
of short bursts (denoted as Al and A2) and single large 
displacement bursts (denoted as Bl B3) are observed 
from a single compression test. The initial deformation 
is elastic until the force reaches ~20 pN at the first elastic 
limit (1st EL). The first plastic deformation (Al) mani­
fests itself as a scries of short displacement bursts w ith 
strain hardening (see Fig SI). This is followed by a large 
displacement burst (Bl) when the load reaches ~40 pN. 
As a result of the large displacement burst, the specimen 
detached from the punch completely and the load drops
1359-6462/S - see front matter <C 2011 Published bv fclscvici Ltd. on behalf of Aeta Maieriulia Ine. 
doi:IO 1016/j scriptamat 2011 OH 023
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nunobiadc The tellers a f  correspond lo Ihc still frames in Figure 2a f. 
respectively
to zero. When the punch comes into contact with the 
specimen again, the deformation starts as clastic until it 
reaches the second clastic limit (2nd EL| at -45 pN. 
Plastic deformation then takes place via another series 
of short bursts (A2|, along with further strain hardening, 
until a second sudden large single burst (B2) takes place 
at ~50 (iN. after which the load drops to zero for the sec­
ond time. The deformation starts again as elastic when 
the punch comes into contact with the specimen for the 
third lime. It reaches the 3rd EL at ~50pN. No more 
short bursts take place this lime, but a third large single 
burst (B3) is activated.
Figure 2a f. which directly correspond to the a ('la­
bels in the load displacement curve in Figure 1. show 
representative bright-held TEM images depicting the lyp- 
ical deformation behavior of an i-Fe single crystal nano- 
blade. The overall deformation process for the nanoblade 
is inhomogeneous and most of the deformation occurs in 
the bottom 4(X) nrn of the nanoblade. delineated by the 
white arrows in Figure 2a and f. Two series of short 
bursts (A1 and A2) are caused by the multiplication/ 
movement of dislocations within the nanoblade over
Figure 2. Brighl-licld TFM images taken during ihe nanoblade 
compression lost for which Ihc force displacement curve is shown in 
Figure I Slip bunds in (b). (cl and (el aie highlighted bv ellipse and
arrows.
short distances, w hich can be seen by the general changes 
in contrast from the strain field of dislocations, as w ell as 
individual dislocation movements (see Tig 2a and b. the 
supplementary video and Fig. S I). Each burst records the 
collective movement of one or more dislocations [23], The 
resulting deformation is small, but sulficient to accom­
modate the plastic deformation imposed by the moving 
punch. Three large displacement bursts (Bl. B2 and B3) 
arc associated with the formation of slip bands (SBs). 
For the first large single displacement (Bl). Figure 2c 
and d (see also Fig. S2) depicts the nucleation, propaga­
tion and arrest of the first SB across the single crystal. 
Since the SB travels very quickly (at the speed of sound) 
[25], the propagation process is difficult to capture. The 
lower half of the crystal slips upright and backwards. It 
is notew orthy that the propagation of the SB is initially 
straight from the bottom left of the specimen but be­
comes curved at the top right. The change in geometry 
can be attributed to the activation and operation of 
numerous slip systems in bcc Fe [26], leading to an irreg­
ular SB shape, as shown in Figure S3. The formation of 
the SB causes the specimen to detach from the punch 
completely since the SB propagates rapidly whilst the in- 
denter tip moves at 10 nm s ! The large displacement at 
B2 is achieved by the formation of the second SB. as indi­
cated by the arrows in Figure 2c (see also the supplemen 
tary video and Fig S2|. This band is probably formed by 
the slip of the bottom part of the lower crystal upwards 
and backwards. The third large displacement bursts at 
B3 seems to be a reactivation of the first SB at a larger 
load so that the lower part of the crystal glides further 
along the first SB | sec Figs. 2f, S2). A diagram is provided 
in Figure 3 that portrays the effect of SB formation dur­
ing the nanoblade deformation.
It is important to understand whether other mecha­
nisms such as twinning and phase transformation con­
tributed to the sudden displacements observed in our 
study. Careful post-compression analysis was carried 
out by lilting the nanoblade to a (01 I) zone axis (de­
fined as the [Oil] axis). A blight-field TFM image and
Fi|*urc 3. Simplified model built proposed lo portray Ihe deformation 
of the nanoblade at three large displacement bursts. Arrows indicate 
slip directions
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a selected area electron diffraction pattern along the 
zone axis are shown in Figure 3a. No evidence of phase 
transformation or deformation twinning was observed 
Since i-Fe has a low critical temperature (340 K| [27], 
the dislocation movement must overcome some of the 
Pcicrls barrier at room temperature. The deformation 
is therefore considered to arise from a twofold mecha­
nism: dislocation movement (small strain bursts) and 
SB formation that has nucleated from the free surfaces 
(large strain bursts).
Figure 4a shows that the nanoblade is compressed 
along the 211] direction. The initial slip plane in the 
SB is most likely to be (01 I) (the angle between [211; 
and (0i II is 54.74°). where the Schmid factor is at a 
maximum. However, the measured angle from the 
TF VI images (-45") is smaller than the theoretical value 
because the slip plane was not imaged along the edge-on 
projection, as shown in Figure 2d. It is also noteworthy 
that the overall SB is wavy (Fig. S3): this is caused by 
the collective effect of multiple slip planes. As a result, 
no definitive slip plane can be identified.
The axial displacements for the three large single- 
bursts are 7. 16 and 30 nm. respectively. The Burgers vec­
tor A of dislocations in bcc Fe ts ('/•)(! 1 l)a. where a 
(2.866 nm) is the lattice constant of the bcc Fe. Assuming 
all dislocations have the same Burgers vector along the 
jl I I]. which has the smallest angle of 19.48 with the 
[2 1 Ij and therefore the largest component along the ax­
ial direction, the axial displacement for each dislocation 
slip is 0.94A Therefore, the three large displacement 
bursts would correspond to -'•90. 200 and 400 single slip 
events, respectively. This is only a rough and conserva­
tive estimation, assuming the dislocations are of the same 
type and have the largest axial component. These results 
also indicate that hundreds of dislocations are activated 
in the direction of maximum shear stress simultaneously
Figure 4. (u) Bnghtlidd TEM image of the deloraud nanoblade taken 
along the (O il) /one axis, with the corresponding diffraction pattern 
inset: lb) a Fourier filtered image from the selected area in till marked 
bj the white square showing 0 1 1 planes and the edge component ol 
dislocations presented in the deformed nanoblade
to form a continuous band to carry plasticity. The stress 
levels for activating SBs Bl. B2 and B3 are —1.4
1.6 GPa. which is much higher than the strength of the 
material in bulk form |0.47 GPa yield strength) [24], 
The observation implies that, similar to other bcc mate­
rials such as V. Mo and Nb [7.11 18.28 30). a size effect 
prevails in j-Fc single crystals and can be attributed to 
the dislocation source truncation and/or lack of disloca­
tion source in submicron specimens [31 33]
Dislocations can be clearly seen by using one-dimen­
sional Fourier filtered images that show ¡01 l |  lattice 
planes as well as the edge component of each dislocation 
in Figure 4b. It is known that nanoscale materials with 
bcc and fee structures have different deformation behav­
iours [7,11] The deformation and hardening mechanism 
of fee submicron pillars was first explained by Greer el al 
via the dislocation starvation model [10], This model 
proposes that free dislocations glide and annihilate at 
the sample surface upon compression. leaving relatively 
dislocation-free pillars [3-8.34], In contrast, screw dislo­
cations in bcc crystals arc not restricted to slip on any 
single plane and have significantly less mobility than 
edge dislocations because screw dislocations have a 
non-planar core structure and need to overcome the Pci­
crls potential for dislocations to move [7.11 ]. Dislocation 
entanglement and strain hardening in bcc arc therefore 
expected. This is consistent with our observation that 
plastic deformation did not result in a dislocation-free 
nanoblade. Complex dislocation networks arc present 
in the post-compression specimen, especially in the lower 
half of the crystal and near the shear band.
These results suggest that the formation of SBs can be 
considered as a source-limited plasticity process. The ini­
tial plastic deformation is characterized by the multipli- 
cation/movemcnt of a few dislocations over short 
distances due to the availability of dislocation sources 
within the nanoblade. Once it has reached a stage at 
which the mobile dislocations along preferred slips planes 
have moved through the nanoblade or become entangled 
in sessile configurations and further dislocation move­
ment is ditliculi within the crystal, plasticity is carried 
out by the formation of SBs. which nucleate from the sur­
face [35]and then propagate through the nanoblade. It is 
noteworthy that there arc only two small bursts (A2) just 
before B2 and no small burst just before B3. This is 
thought to be due to the dislocation sources within the 
specimen becoming scarce just before the activation of 
the first SB. which results in SB dominant plasticity.
Fisher cl al. [36] proposed that SBs are dynamically 
generated from a Frank Read source al the specimen 
surface and arc terminated by their own stress field in 
single crystals. The estimated number of dislocation 
loops required to form an SB from Fisher's model is 
—300, which is in good agreement with our experimental 
results: we report that 90-400 slip events are required for 
SB formation. However, when the nanoscale -z-Fc single 
crystal is deformed via SBs. a much higher stress (-1.4
1.6 GPa) than that usually observed in bulk polycrvstal- 
line materials (—0.45 GPa) is required to activate the 
dislocation source. This is probably because the disloca­
tion source si/c reduces as the sample size decreases and. 
under the dislocation source truncation model, this 
requires higher stresses to operate [31]
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Our observation of both series of small bursts and 
single large bursts also agrees well with the displacement 
burst behavior reported by Kiencr and Minor on com­
pressing Cu single crystal nanopillars [8], In their work, 
series of small bursts and single large bursts were ob­
served separately in nanopillars of different sizes, but 
the fundamental differences between the two types of 
deformations were not explored. The force displace­
ment curve from compressing a MX) nrn diameter nano­
pillar consisted of only a scries of small bursts in their 
study because there were many dislocation sources avail­
able within the nanopillar. Plasticity is carried out by the 
dislocation multiplication/movement over short dis­
tances and each small burst may indicate each collective 
motion of dislocations. The force displacement curve 
from coinpressing a 136 nm diameter nanopillar mainly 
consists of large bursts. At such a small scale, the dislo­
cation sources within the nanopillar arc scarce and arc 
readily annihilated by a mechanical annealing process 
because of the fee structure of Cu [34]: hence plasticity 
is mainly carried out by the formation of SBs
The observation that the deformation of smaller pil­
lars has a stronger intcrmitlency than larger pillars has 
also been made in submicron compression tests using 
the load control mode [3 5.10.17,18.37], In our work, 
with the size of our nanoblades, both small and large 
bursts coexist in a single compression test. It is proposed 
that the dislocation sources within the crystal were ini­
tially available but became scarce during the course of 
compression. Another unique feature of compressing 
nanoblades is that the line movements of dislocations 
from small bursts and the deformation along SBs can 
be directly visualized.In summary, our in situ nanocompression work in 
TEM reveals that the deformation of i-Fe at the nano­
scale is an inhomogeneous process characterized by a 
series of short displacement bursts and intermittent large 
displacement bursts. The scries of short hursts corre­
spond to the collective movement of dislocations w ithin 
the crystal. The large single bursts are from SBs nucle­
ated front the specimen surface. Due to the large dis­
placements front SBs. hundreds of single slip events 
arc required to occur simultaneously to accommodate 
such deformation.
The authors are grateful for scientific and tech­
nique input and support from staff in BlucScopc Steels 
and Australian Microscopy & Microanalysis Research 
Facility (AMMRF).
Supplementary data associated with this article can 
be found, in the online version, at doi: 10.1016/j. 
seriptamat.2011.08 023.
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Abstract
The effects of two types of pre-existing defects, dislocations and clusters, on the strength and deformation behavior of body-centered 
cubic Fe nanopillars with a diameter of '-ISO tun were investigated using in situ nan«.»compression in a transmission electron microscope. 
The plastic deformation of nanopillars containing high initial dislocation densities w as observed to be relatively continuous, proceeding 
via a series of small- and intermediate-scale strain bursts that were associated with the movement/escape of dislocations and the forma­
tion of slip bands. Mechanical annealing was observed in nanopillars with high dislocation densities. When the dislocation density was 
reduced by in situ heating, the nanopillars were much stronger and the plastic deformation behavior transformed to a more abrupt and 
explosiv e mode. The introduction of a dispersion of solute atom clusters into nanopillars caused further strengthening as a higher stress 
level is required for dislocations to pass the clusters. The strengthening effect of cluster dispersion in nunopillars is comparable to that 
observed in the bulk steel These phenomena arc universal for Fe nunopillars with different crystallographic orientations 
© 2012 Acta Materialia Inc. Published by Elsevier Ltd All rights reserved
Kc\ words la situ nanocompression: Transmission electron microscopy; Atom probe microscopy; ( lustering; Dislocation burst
I. Introduction
The mechanical properties of materials arc determined 
by their microstructures. Widely used methods to 
strengthen a bulk crystalline metallic material include work 
hardening as well as precipitation and cluster strengthening 
[I 3], In the case of w ork hardening, an increase in disloca­
tion density introduced by cold work hinders the free 
movement of dislocations through dislocation interaction 
and entanglement and strengthens the bulk material. Dis­
persions of solute atom clusters and precipitates are also 
an effective way to strengthen materials because high stress 
is required for dislocations to shear through or bow around
* Corresponding authors Address; Australian Centre fot Microscopy 
and Microanalysis. The University of Sydney, NSW 2UU6. Australia 
E-mail addresses kelvin.xieirsydney edu.au IK.Y Xiel. simon.nn- 
ger-'u sydncy.edu au (S.P Ringer).
these obstacles. However, if the sample size of a crystalline 
metallic material is reduced down to the nanoscale, the 
strength and deformation behavior are different from that 
observed al the macroscale [4 7],
Nanoscale specimens such as nanowires and nanorods 
are essential components in nanodevice design, and their 
potential for applications depends largely on their mechan­
ical properties. The difference in mechanical properties and 
deformation behavior between a nanoscale specimen and 
its corresponding bulk material is summarized by the fol­
lowing three characteristics. Firstly, nanoscale samples 
are substantially stronger (both in yield and fracture 
strengths) than their bulk counterparts due to dislocation 
starvation [8.9] and dislocation source truncation [9.10], 
This general trend is described as “smaller is stronger” 
and the strength vs. specimen size appears to follow an 
empirical power law [11 20], <t <x  d  *, where a is the flow
1359-6454/S36.00 > 2012 Acta Materialia Inc Published by Elsevier Ltd All rights reserved. 
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stress. J  is the nanopillar diameter and x is the size- 
strengthening exponent. Secondly, the plastic flow of nano- 
scale specimens is characterized by intermittent strain 
bursts, which arc attributed to dislocation avalanches and 
slip band formation [4,5.9.16.21 23], In contrast, the 
plastic deformation of bulk metallic crystalline material is 
continuous and generally smooth Thirdly, the hardening 
of nanoscalc specimens during plastic deformation is 
caused by dislocation escape and annihilation at the speci­
men surface, which gradually leads to a near defect-free 
structure (i.e mechanical annealing) [17,24 26], while 
strain hardening in bulk materials is caused by the multipli­
cation of dislocations, gradually resulting in higher defect 
densities
While the size effect on the mechanical behavior of 
nanoscale materials has been well explored, much less work 
has been done to investigate the effects of pre-existing 
defects such as dislocations, cluster dispersion and precipi­
tates on deformation in small-scale materials [26 29]. 
Therefore, we have sought to investigate the effect of dislo­
cation density and clustering on the deformation behavior 
of a nanoscale specimen of ferritic Fc. We have observed 
that both dislocation density and the presence of solute 
atom clusters significantly affect the mechanical properties 
of nanopillars. Nanopillars w ith low er dislocation densities 
were about twice as strong and the deformation was more 
discrete compared to nanopillars with high dislocation den­
sities. The presence of a line-scale dispersion of clusters in 
nanopillars with high dislocation densities also has a 
strengthening effect. The results presented in this paper 
provide insight into the possibility of tailoring nanoscale 
material mechanical properties and deformation behavior 
via micro/nanostructrual design.
2. Materials and methods
The material used in this study is a commercial Nb- 
microalloyed high-strength low-alloy steel produced by 
the CASTR1P' process [30], The chemical composition 
of the steel is provided in Tabic 1 Previous studies have 
shown that this steel only contains body-centered cubic 
(bee) z-Fe, and Nb atoms are retained in the matrix as a 
supersaturated solid solution without forming NbtC.N) 
precipitates [31.32], Appropriate heat treatment encourages 
the formation of a Nb-rich cluster dispersion, which sub­
stantially strengthens the bulk steel [33] from 475 to 
640 MPa yield strength Thus, this steel is a good candidate 
for the control of the microstructures of z-Fe nanopillars 
via in situ heating allowing systematic experiments to 
investigate the effect of both dislocation density and cluster 
dispersion on nanoscalc materials.
z-Fc nanopillars w ith diameters of ~150 nm and lengths 
of -450 nm were fabricated using a focused ion beam 
(FIB). The small aspect ratio minimizes the effect of pillar 
bending during the in situ compression experiments. Four 
groups of nanopillars with four different microstructures 
were used in this study. The four structures were: high dis­
location density without a cluster dispersion (HD): high 
dislocation density with clusters (HD&C): low dislocation 
density with no clusters (LD): and low dislocation density 
with clusters (LD&C).
2 / Sample fabrication
Specimens for atom probe microscopy (APM) were fab­
ricated using a dual-beam focused ion beam (FIB Zeiss. 
Auriga) operating at 30 keV with a milling current of 
25 pA (Ga ions), and the same conditions were used for 
the final stage fabrication of nanopillars [34] so that the 
microstructural information acquired from APM would 
reflect the duster characteristics in the nanopillars.
To fabricate the HD nanopillars, thin pieces of steel pos­
sessing a half-disc shape with a diameter of 3 mm were cut 
from the bulk and ground to ~80 pm in thickness The 
steel pieces were then electropolished using 4% perchloric 
add in methanol at 38 °C to reduce the thickness of the 
straight-edge to ~2 pm before mounting on sample sup­
ports. The nanopillars were then milled using FIB. Flat- 
top circular pillars with a diameter of 1 pm and a length 
of 5 pm were first made with a 500 pA Ga beam. Nanopil­
lars of diameter ~150nm and length ~450 nm were then 
fabricated with a 25 pA Ga beam. To fabricate the 
HD&C nanopillars, in situ heating was performed on the 
steel half disc using a Gatan double-tilt heating holder 
inside a JEOL 2100 transmission electron microscope at 
575 °C for 75 min w ith a heating rate of ~2 C s 1 The 
HD&C nanopillars were then fabricated by the FIB proce­
dure described above. To produce LD and LD&C nanopil­
lars, HD nanopillars were first fabricated, and then heated 
in situ at 575 °C in the transmission electron microscope 
for 10 and 75 min. respectively.
2.2. Sample characterization
To determine the orientation of the pillars, electron 
backscatler diffraction (EBSD. Oxford Instruments 1IK.L) 
was performed using the Zeiss Auriga dual-beam system 
on the flat surfaces of pillars with a diameter of 1 pm and 
a length of 5 pm prior to the final stage of milling.
Samples that were heated at 575 °C for 0, 10 and 75 min 
were analyzed by APM to investigate solute atom cluster­
ing. The APM experiments incorporated analyses of atom
Table 1
Steel processing parameters amt chemical composition ( vet
Hot-rolling temp ( ’C) Coiling temp (eCl Nb C N Cr Ni Cu Mn Si
897 567 0.084 0.031 0.007 0.37 0.03 0.05 0.83 0.2
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probe mass spectra, field desorption images and atom 
probe tomography (APT), and were performed using a 
local electrode atom probe at - 40 K with laser energy of 
0.3 nJ. a llight path of 90 mm and a pulse repetition rate 
of 200 kHz [35]. The Nb species was identified in atom 
probe mass spectra as pure Nb peaks (23.25. 31 and
46.5 a.m.u.) and peaks from NbN complexes (35.67 and
53.5 a.m.u.). The Nb-rich clusters were then identified 
and analyzed quantitatively using the core-linkage algo­
rithm [36] and visualized using APT
2.3 In situ nanocompression experiment
In situ nanocompression was performed in a JEOL 2100 
transmission electron microscope operating at 200 keV 
using a Hvsitron PI 95 TEM Picolndenter* with a flat dia­
mond punch in displacement-control mode. Pillars were 
compressed at a rate of 5 nm s '. corresponding to a strain 
rate of ~1% s ' . A video file for each compression test was 
recorded using a Gatan Erlangshen ES500WCCD camera 
at an acquisition rate of 0.2 s per frame. At least 10 nano­
pillars were compressed from each group of samples and a 
summary of nanopillar orientations (the indentation direc­
tions) is provided in Table SI.
It is noteworthy that the microstructure of the steel con­
sists mainly of elongated ferrite with an average grain 
width of -5  pm and length of ~25 pm. This ensures that 
most nanopillars were single crystals. Results obtained 
from nanopillars that contained grain boundaries were 
not included in this study.
3. Results
3.1. In situ heating
Fig. 1 shows the microstructural evolution of a nanopil­
lar heated at 575 °C for 75 min The initial microstructurc 
of the nanopillar (the HD sample) contained a high defect
"AsTlBea icfi™n ® 575 °C 75 mtn $  575 °C
rig. I Bright-livid TEM images describing the microstructural evolution 
of a nanopillar at various stages of in situ healing at 575 C: (al before 
heating, lb) 10 min heating and (c) 75 min heating
density throughout the whole specimen (Fig la). The 
observed defects are likely to be a combination of both 
intrinsic defect structures from the processing as well as 
extrinsic damage induced by the FIB milling 
[31,33,34.37.38]. The dislocation debris and small loops 
were most likely induced by the FIB milling. Most of the 
dislocations in the lower part of the pillar were removed 
by heating the nanopillar at 575 °C for 10 min. leading to 
a low defect density (Fig lb). Further heating for up to 
75 min did not substantially change the dislocation struc­
ture (Fig Ic). However, a dispersion of faint speckle con­
trast was observed throughout the nanopillar. This is 
caused by the strain field surrounding Nb-rich clusters that 
have formed during the heating process. Direct imaging of 
the solute atom clusters was available via APT and results 
are provided in Fig 2 Prior to heating, both Nb (green) 
and NbN (blue) species were uniformly distributed in the 
a-Fe matrix (Fig. 2a). After 10 min of aging, when most 
defects were removed from the nanopillar, both Nb and 
NbN remained within the solid solution in a relatively uni­
form dispersion with no obvious tendency to form clusters. 
Moreover, no precipitation was observed (Fig 2b). Thus, 
these nanopillars (the LD samples) are described as con­
taining low dislocation densities and no clusters. Alter 
75 min of aging, many Nb-rich clusters appeared in the 
nanopillar (Fig. 2c and d), resulting in microstructures that 
possess low dislocation densities together with a dispersion 
of solute atom clusters (the LD&C sample). The number 
density of solute atom dusters estimated from APT was 
3.3 x 10“' clusters m ' and the size distribution is provided 
in Fig 2e. In the HD&C nanopillars, the steel was heated 
ut the same condition as the LD&C nanopillars prior to 
FIB milling. There is a possibility that Nb atoms could 
have diffused to the grain boundaries instead of clustering 
in the bulk steel before fabricating the HD&C nanopillars. 
However, our previous study [33] has shown that Nb atoms 
were retained and formed a dispersion of fine clusters in the 
matrix during heating. Thus, —2600 clusters with an aver­
age size of ~40 atoms are expected to present in both 
HD&C and LD&C nanopillars 150 nm in diameter and 
450 nm long.
3.2. In situ compression test of HD nanopillars
Fig. 3a--f are still frames extracted from the nanocom­
pression movie (see Supplementary Information: movie 
SI) which show the deformation behavior of a HD nano­
pillar compressed along the (12 5) direction. Fig 3g 
provides a one-to-one correlation of the engineering 
stress time curve to the still images. The initial deforma­
tion was elastic and the first apparent dislocation burst 
occurred when the stress reached ~1 GPa as shown in 
Fig 3b and g. The subsequent deformation was quite uni­
form until the stress level reached —1.35 GPa whereupon 
the first slip band was formed from the surface of the 
nanopillar (arrowed in Fig 3c). Further deformation 
occurred via slip along this slip band, and through the
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Fig. 2. 3-D atom maps acquired by atom probe displa>mg ihc distribution of Nb (green) and NbN (blue) species in the nanopillars a( various stage of 
heating: (at before heating, (b) 10 min heating, (e) 75 min heating and (d) a Altered map of (c) using a core-linkage algorithm only displaying the clustered 
Nb and NbN. (e) The cluster number densities and size distribution obtained from (d). (For interpretation of the references to color in this figure legend, 
the reader is referred to the web version of this article.)
formation of new adjacent slip bands (arrowed in Fig 3d). 
As the stress level reached --2.5 GPa. the deformation of 
the nanopillar was abrupt and explosive, accompanied by 
sudden changes in shape (length reduction and lateral 
expansion) and complete detachment from the diamond 
punch (Fig 3c and f).
3.3. In situ compression test o f  HD AC nanopillars
Fig 4a f shows the deformation of a HD&C pillar also 
compressed along the (12 5) direction (see Supplementary 
Information movie S2) w ith a one-to-one correlation of 
the engineering stress time curve to the still images pro­
vided in Fig 4g. The initial deformation was clastic and 
the first apparent dislocation burst was observed when 
the stress level reached ~1.3 GPa. Homogeneous deforma­
tion of the nanopillar followed until the stress level reached 
1.9 GPa. w here the first slip band was formed (arrowed in
Fig 4c). Slip of the lower part of the pillar along the slip 
band, as well as the formation of new adjacent slip bands, 
contributed to further plastic deformation (indicated by the 
arrows in Fig 4d and e), and this was similar to that 
observed in the HD nanopillars. When the stress level 
reached —3 GPa, the nanopillar deformed abruptly as 
shown in Fig 4f. whereupon the nanopillar detached from 
the diamond punch (Fig 3f).
3.4. In situ nanocompression test o f  LD pillars
Fig. 5a-f shows the deformation of an LD nanopillar 
along the (12 5) direction (see Supplementary Informa­
tion: movie S3) and Fig 5g shows the measured stress time 
data indicating the individual still frame images. The initial 
microstructure in the lower part of the pillar was disloca­
tion free. The compression was initially elastic (Fig 5b) 
and was followed by an abrupt plastic deformation
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I ij: 3. (a f| Slill hright-licUi TEM images showing the deformation behavior from the m situ nanotompiessum test on a III) pillar 150 nnt in diameter 
along the f l  2 5) direction, (g) Measured stress time data; the individual still images are indicated
(Fig 5c). This resulted in a shape change in the lower part 
of the pillar instantaneously shortening by 50 nm Fur­
ther deformation was attributed to collective dislocation 
movement (evidenced by the general contrast change in 
the pillar during the deformation and a scries of small 
strain bursts) and the formation of slip bands in the upper 
part of the nanopillar (arrowed in Fig. 5d f).
3.5. In situ nanocompression test o f  LDAC pillars
Fig 6a f are bright-field transmission electron micros­
copy (TEM) images depicting the deformation behavior 
of a LD&C' nanopillar along the (12 5) direction and 
Fig 6g is the corresponding stress time curve (see Supple­
mentary Information: movie S4). Although most defects 
were removed during the prior heating, this nanopillar 
had a few dislocations present in the lower part of the 
nanopillar. The initial deformation is elastic and two 
small-scale strain bursts were observed at 1 and 1.4 GPa 
before the stress level rapidly reached 2.3 GPa when the 
deformation occurred abruptly as shown in Fig 6c. The 
formation of slip bands (indicated by arrows), collective
movement of dislocations in the upper part of the pillar 
and more abrupt strain bursts contributed to further defor­
mation of the nanopillar as shown in Fig 6d f.
3.6. Strength comparison
Fig 7 depicts the engineering stress strain behavior of 
HD. HD&C. LD. LD&C nanopillars from the compression 
tests along the {1 2 5) direction (only data for the initial 15% 
strain arc presented). Both HD and HD&C nanopillars 
reached the apparent elastic limit at ~1 GPa, where the 
HD&C sample appeared to be stronger. The plastic defor­
mation in both samples occurred via a series of small and 
intermediate size strain bursts. Small-scale strain bursts refer 
to those bursts in which the load dropped slightly during the 
course of deformation and the nanopillar was still in contact 
with the diamond punch. Intermediate-scale strain bursts 
were those in which load dropped dramatically to zero or a 
close-to-zero value, but immediately returned to at least 
the original value before undergoing further plastic defor­
mation Representative examples of these two types of strain 
bursts are indicated in Fig 7a. The initial deformation for
89
K .) \  u cl al. I At in ValerHlIiu 6 / 201.1 430 452
lig  4. (u 0  Sltll bright-field Tf;M image» showing ihc deformation behavior from ihc in situ nanocompression lest on a HD4C pillar '-ISOnm in 
diameter along the [I 2 5] direction, (gi Measured stress time data: the individual still images are indicated.
both the LD and the LD&C nanopillars in the first ~5% 
strain had nil or very few small bursts before undergoing a 
“critical burst” at ~2 GPa. The critical burst (indicated in 
Fig 7c and d) refers to the scenario in which the load 
dropped to zero and the nanopillar completely detaches 
from the diamond punch. The diamond punch then travelled 
in the vacuum with zero force for up to 50 nm before con­
tacting the nanopillar again.
In order to achieve a more comprehensive and quantita­
tive understanding of the effect of dislocation densities and 
cluster dispersion on the strength of nanoscale specimens, 
the strength of nanopillars with various other (non- 
(1 2 5)) orientations is provided in Fig 8. with the error 
bars indicating standard deviations. For nanopillars with 
high dislocation densities (both HD and H&C), plastic 
deformation occurred predominantly by small and inter­
mediate bursts, and the stress values of the first three bursts 
were recorded and compared (Fig 8a). An example that
demonstrates the procedure to identify the lirst three bursts 
in an engineering stress strain curve is provided in Fig 7b. 
The stress value required to generate the first strain burst 
was ~0.85 GPa for the HD nanopillars, and ~0.99 GPa 
for the FID&C nanopillars. A one-tailed Student's Mest 
confirms that the strengthening from clusters is significant 
at P 0.06. The stress values in the HD&C samples at 
the second and third bursts were also higher than those 
in the HD samples, with P < 0.03 and P < 0.06. respec­
tively. For the nanopillars containing low dislocation den­
sities. the stress values at critical burst were recorded and 
compared because both the LD and LD&C pillars had 
no or only a few small bursts before the first critical burst 
occurred. In most cases, the critical burst was also the first 
burst, as shown in Fig. 7c. The nanopillars with low dislo­
cation densities were observed to be about twice as strong 
as the corresponding high dislocation specimens when the 
stress values at the critical burst in LD and LD&C spcci-
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Fig 5. (a T) Still blight-field TEM image» showing the deformation behavior from the in situ nanocomprcssion test on a L.D pillar 150 nm in diameter 
along the [I 2 5] direction, (gl Measured stress time data: the individual still images are indicated
mens were compared to those of the first burst in HD and 
HD&C specimens (Fig 8a and b). The average stress value 
at critical burst in the LD&C sample (2.06 GPa) were 
slightly higher than that of LD sample (1.95 GPa) by 
0.11 GPa (Fig. 8b). but the strengthening from clusters 
was not statistically significant with P = 0.35.
4. Discussion
4.1. Mechanical annealing in ot-Fe
Before discussing the elfect of dislocation densities and 
the cluster dispersion on the strength and deformation 
behavior of ot-Fc nanopillars, it is important first to address 
the origin of strength and hardening mechanisms in 
nanoscale at-Fe. It is increasingly recognized that deforma­
tion of bee materials at the nanoscale can be either different 
or similar to deformation in face-centcred-cubic (fee) mate­
rials. depending on the specimen size. Huang ct al. [17] 
demonstrated that the plastic deformation of Mo nanopil­
lars has two regimes with ~200 nm being the critical size. 
In the Mo nanopillars that were larger than ~200 nm. 
the size strengthening exponent was ~0.3. much smaller 
than that of fee materials (~l )  [39.40], The hardening of 
bcc submicron specimens is dominated by dislocation mul­
tiplication and entanglement. This is because screw disloca­
tions in bcc structures have less mobility compared to edge 
dislocations due to the need to overcome the Peierls poten­
tial [39,41], Dislocations tend to get entangled before they 
can reach the specimen surface, leaving the post-deformed 
structure with complex dislocation networks [21,39.41], 
However, once the Mo nanopillar size was less than 
~200 nm. its deformation mechanism resembled that of 
fee nanopillars and mechanical annealing prevailed over 
dislocation self-multiplication and entanglement with the 
size strengthening exponent ~1 [17],
In our study, mechanical annealing was also observed 
during the deformation of the 150nm bcc Fc nanopillars 
with high initial dislocation densities. To elaborate, a 
separate example of compressing a HD i-Fe nanopillar.
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I ig 6 la I) Si ill brighl-licld TEM images showing the deformation behavior from the in situ nanocompression test on a LD&( pillar ISO nm in 
diameter along the [1 2 5] direction. Measured stress time data: the individual still images are indicated.
in which dislocation movements can be observed with 
much better clarity compared to Fig. 3, is presented in 
Fig. 9. The pillar contained a high initial dislocation den­
sity and was compressed along the (3 4 5) direction. When 
the nanopillar was plastically compressed, short dislocation 
debris and small dislocation loops (dark speckles from the 
bright-held TEM images) escaped from the specimen, as 
shown in Fig. 9a c. The motion of long dislocations in 
the nanopillar was also captured. For example (see Supple­
mentary Information: movie S5). the dislocations marked 
with the black circles unknotted first and both then escaped 
as shown in Fig. 9c e. The dislocation marked with white 
circles swept across the pillar and then disappeared as 
shown in Fig 9d f. Just before the critical burst 
(Fig. 9g). the nanopillar had significantly fewer dislocations 
compared to the initial microstructure in Fig 9a.
Furthermore, it has been demonstrated that mechanical 
annealing prevailed in the nanopillars containing a disper­
sion of solute atom clusters. An example provided here
shows the compression of a HD&C nanopillar along the 
(3 4 5) direction (Fig. 10, also see Supplementary Informa­
tion: movie S6). The white circles in Fig 10b and c depict 
the escape of a single dislocation from the structure, while 
the white circles in Fig. 10c.f highlight the reduction of dislo­
cation density during the compression. One would expect 
that the clusters (2600 clusters per nanopillar) would retard 
the free movement of dislocations. On the contrary, disloca­
tion annihilation also overwhelmed the multiplication and 
entanglement process, suggesting that mechanical annealing 
is a universal mechanism that governs the deformation and 
hardening in both cluster-bearing and cluster-free specimens 
with very small diameters (~  150 nm in this study).
4.2. The effect oj dislocation density on strength and 
deformation behavior
The plastic deformation behavior of oi-Fe nanopillars 
with high dislocation densities (both HD and HD&C) were
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very similar, consisting of three deformation modes: (i) 
small-scale strain bursts; (ii) intermediate-size bursts: and 
(iii) critical bursts. By studying the stress time curves with 
the corresponding still frame TEiM images and movies (sec 
Supplementary Information: movies SI and S2), it can be 
seen that small-scale strain bursts were associated with 
the collective movement of dislocations within the structure 
or escaping to the nanopillar surface. The intermediate-size 
bursts were caused by the formation of slip bands [21], The 
exact dislocation mechanism of the explosive critical bursts 
is not clear, as dislocation motion during the critical bursts 
was too fast to be captured. An available model suggests 
that the critical burst may result from the onset of disloca­
tion activation from multiple sources simultaneously [42],
The deformation behavior of ot-Fe nanopillars with low 
dislocation densities (both LD and LD&C) was drastically 
different from that observed in nanopillars with high disloca­
tion densities. The initial deformation had no or a few' small- 
scale strain bursts and was quickly followed by a critical 
strain burst. It is important to note that the critical strain 
burst at the early stage deformation in LD and LD&C sam­
ples was not catastrophic failure but a different form of plas­
ticity. After the first critical burst, the pillar can withstand 
even higher stresses before further plastic deformation 
(Figs 5 and 6g). Furthermore, after a critical strain burst, 
the pillar was still a single crystal and careful electron diffrac­
tion studies showed no sign of twinning. Our previous study 
showed that deformation by a single slip band also can lead
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to abrupt and large-scale bursts in the stress lime curve [21}. 
However, it is important to note that the critical strain burst 
observed in this study was different from the burst induced 
by the formation of single slip bands. In plastic deformation 
assisted by a single slip band, part of the crystal glides along 
the slip band and the geometry of the rest of the pillar is 
retained However, in the critical strain burst ease, there 
was no well-defined single slip band and the geometry of 
the nanopillar tip was very different from that prior to the 
burst. For example, the diameter of the nanopillar tip just 
prior to the critical burst was 145 nm and abruptly became 
175 nrn immediately after the burst (Fig 5b.c). This phe­
nomenon was also observed in nanopillars w ith other crys­
tallographic orientations, indicating that the difference in 
deformation behavior was controlled by the initial disloca­
tion density and was not orientation specific.
In the nanopillars with high dislocation densities, plastic 
deformation can occur by the collective movement of dislo­
cations within the structure and the deformation is 
relatively continuous and uniform, reflected by the small- 
scaU-atrain bursts, shown in Fig 7a and b However, in 
nanopillars with low dislocation densities, a few disloca­
tions quickly escaped upon deformation. Further plastic 
deformation cannot be carried out by ordinary dislocation 
motion but had to lake place explosively as shown in 
Fig. 7c and d, leading to a sudden change in the pillar 
geometry. It is believed that in the nanoscale specimens 
with no dislocations or low initial dislocation densities, 
due to the lack of dislocation sources within the structure, 
dislocation activation must occur from multiple other 
sources simultaneously [42], Whether the nanopillar 
surface or the punch nanopillar interface served as the dis­
location sources during explosive and abrupt burst remains 
unclear [43]. In addition, the abrupt deformation was 
generally confined at the tip of the nanopillar in this exper­
iment due to the stress concentration caused by the shank 
angle of the nanopillar.
The strength of nanopillars with low dislocation densi­
ties (both LD and LD&C) was substantially stronger than 
that with high dislocation densities (both HD and HD&C). 
This can be seen in nanopillars w ith the same orientation as 
shown in Fig 7 as well as in the averaged strength of nano­
pillars of a wide range of orientations as shown in Fig 8. 
The increase in dislocation density strengthens materials 
in bulk but softens their nanosize counterparts. Strengthen­
ing via reducing the dislocation density can also be 
explained by the dislocation starvation model [8,9], As 
the dislocation densities decrease to near zero in the a-Fc 
150 nm nanopillars. the dislocation dislocation interaction 
is suppressed and the nanopillar approaches a perfect crys­
tal: a higher stress is then required to deform the material.
Our observation is consistent with studies in which dis­
location densities were altered in nanoscale specimens b> 
prior deformation [26,29]. Chisholm cl al. [26] and Bci 
et al. [29] observed that pre-strained Mo nanopillars and 
nanofibers with high dislocation densities had significantly 
lower strength compared to the pristine ones. In this study, 
the dislocation densities were changed by in situ heating 
and similar observations were made. In addition, this study 
demonstrated that the presence of a cluster dispersion did 
not change the overall deformation behavior of the nano­
pillars and that dislocation density is the dominant factor 
that determines whether the nanoscale specimen deforms 
continuously or discretely.
4.3. The effect of cluster dispersion on strength and 
deformation behavior
Although the overall deformation behavior and harden­
ing mechanism was similar in both HD and HD&C sam­
ples, the effect of solute atom cluster dispersion on the 
nanopillar strength and deformation characteristics was 
clearly discernible. The average stress level at the first burst 
in the HD&C sample is 0.14 GPa higher (16% stronger)
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than that of HD nanopillars, as show n in Fig 8. The stress 
levels at the second and third bursts were also higher in 
HD&C samples by 0.20 and 0.21 GPa, corresponding to
an increment of 20% and 16%, respectively. As has been 
discussed previously, mechanical annealing prevailed when 
HD and HD&C specimens were plastically deformed. In
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the HD nanopillars, the main impediments to dislocation 
movement were friction and other nearby dislocations. 
However, in the HD&C nanopillars, many dislocations 
are also required to pass through the Nb-rich clusters 
and extra stress is required before the dislocations can 
move through this dispersion of point obstacles and anni­
hilate at the nanopillar surface. Since mechanical annealing 
was eventually achieved during the compression of HD&C 
samples, we suppose that, although the dislocations were
retarded by the clusters, the dislocation annihilation rate 
was still much faster than the multiplication rate. It is inter­
esting to note that the strengthening in terms of yield 
strength from these Nb clusters in the bulk steel was 
~0.I6G Pa [31.33], The additional strength gained in the 
nanopillars was 0.14 0.21 GPa and it is noteworthy that 
this is very similar to that observed in bulk steel. This indi­
cates that similar stresses were required to drive the dislo­
cation to cut through or bow around those Nb-rich
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clusters [44.45] in both hulk and nanoscale specimens and 
that such strengthening is independent of specimen size. 
The dislocation cluster interaction was also reflected in 
the stress lime curves. Strain bursts with higher magnitude 
were observed in HD&C samples compared to HD sam­
ples. Figs 3 and 4g. indicating intensive retardation and 
breaking-awav activities before dislocations eventually 
annihilated at specimen surface.
Kicner el ai. [28] studied the effect of stacking fault tet­
rahedral (SFTl dispersion, which was introduced by neu­
tron irradiation, on the strength of Cu nanopillars along 
the (I 0 0) direction. It was observed that for nanopillars 
with diameters below -400 nm. the strength of irradiated 
Cu nanopillars was similar to that of non-irradiated SFT- 
free samples. In contrast to their observation, our discov­
ery demonstrated that the HD&C nanopillars are stronger 
than HD (cluster-free) nanopillars. The contradiction 
arises from the nature of the dispersed objects. In the case 
of irradiated Cu. SFT are temporary defects, which arc 
similar to dislocations and can be mechanically annealed 
during compression [28], However, the Nb-rich clusters 
served as permanent obstacles and cannot be removed by 
mechanical annealing, which subsequently increases the 
strength of the nanopillar via dislocation cluster interac­
tions. This observation is significant because it offers the 
possibility of strengthening nanoscale specimens while 
maintaining the relatively continuous deformation and 
avoiding eurly-stage critical/explosivc strain bursts. Whilst 
the cluster dispersion in the LD&C nanopillars provided a 
modest strength increment (0.11 GPa), this was a small 
fraction of the overall strength (~2G Pa) suggesting that 
this effect was overshadowed by the intrinsic strength asso­
ciated with the crystal possessing a low dislocation density.
5. Conclusions
The mechanical properties and deformation behavior of 
nanoscale specimens change with dislocation density and 
cluster dispersion. Mechanical annealing was observed in 
both HD »-Fe nanopillars, which explained the plastic 
deformation characteristics. Some important new observa­
tions from this study were;
( 1) Nanopillars w ith high dislocation densities (both HD 
and HD&C) exhibited relatively uniform plastic 
deformation. The plastic deformation in nanopillars 
with low dislocation densities (both LD and 
LD&C) was more discrete, abrupt and explosive.
(2) A dispersion of Nb-rich clusters significantly strength­
ened HD nanopillars, while retaining the relatively 
uniform deformation behavior, with mechanical 
annealing occurring extensively in both HD and 
HD&C nanopillars. The strengthening effect of the 
cluster dispersion in LD nanopillars was not statisti­
cally significant.
(3) The effect of dislocation density on the strength of 
nanopillars is substantial yet opposite to that in bulk 
materials, while the effect of cluster dispersion in both 
nanopillars and bulk materials is similar. LD and 
LD&C samples arc stronger than the HD&C sam­
ples. and the HD&C samples are in turn stronger 
than HD samples.
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Chapter 7 -  Summary and Conclusions
7.1 Addressing the Aims
The four specific aims of this thesis have been outlined in Chapter 2. The specific aims 
of this thesis are restated as follows.
1. To understand the roles of Nb microalloying additions to the microstructure and 
mechanical properties of CASTRIP® steels.
2. To design CASTRIP® steels with higher strength and retained ductility via Nb- 
rich cluster dispersion strengthening.
3. To design CASTRIP® steels with higher strength and retained ductility via 
nitriding.
4. To investigate the effect of a cluster dispersion on the mechanical properties of 
metallic nanopillars using clusters strengthened CASTRIP® steels as a model 
alloy.
This chapter summarizes the work of the whole thesis and presents how each aim was 
addressed.
The first task was to understand the roles of Nb microalloying additions and their effect 
on the microstructure and mechanical properties of CASTRIP® steels. For both the as- 
cast and hot-rolled condition of the UCS steels produced by the CASTRIP process, the 
addition of Nb increases the yield strength substantially up to 0.041 wt% Nb and then 
reaches a plateau with further Nb additons. This agrees well with the microstructural 
evolution with Nb additions, where a higher proportion of finer phases such as acicular 
ferrite and bainite were observed with increasing Nb concentration. Since bainite and 
acicular ferrite have smaller grain sizes than polygonal ferrite, it is proposed that the Nb- 
containing steels are strengthened by grain refinement. It was explained by the model that 
Nb, both in solution and segregated to austenite grain boundaries, retards recovery and 
recystallization of deformed austenite, where defects stored in the austenite provide 
additional intragranular nucléation sites for ferritic phases promoting the formation of 
lower temperature ferrite products, such as acicular ferrite and bainite [85]. Furthermore, 
because the growth of bainite/acicular ferrite is displacive, whilst the nucléation and
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growth of polygonal ferrite is diffusive, the dislocation density in bainite/acicular ferrite 
is higher than that in polygonal ferrite, which provides additional strength in the Nb- 
microalloyed steels [861. The fact that no Nb-rich carbo-nitride precipitation was 
observed in the TEM suggests that there was no contribution to the strengthening from 
precipitation hardening. It is conjectured that the absence of Nb(C,N) precipitation in the 
as-cast and hot rolled steels is due to the fast cooling rates (60-80 K/sec upon water 
cooling) applied in the CASTRIP® process. Consequently the Nb atoms are essentially 
retained in a super-saturated ferritic solid solution. It has been further observed that a 
small fraction of Nb atoms are contained within the ferrite in a distinctly non-random 
configuration and seem clustered together with N atoms. These clusters may be expected 
to contribute a cluster strengthening effect along with the more conventional forms of 
solid solution strengthening from individual Nb solute atoms throughout the ferrite.
The second task was to design CASTRIP® steels with higher strength and retained 
ductility via Nb-rich cluster dispersion strengthening. Substantial strengthening was 
achieved by carefully growing a dispersion very fine (average cluster size of 60 atoms) 
clusters. These clusters pinch the free movement of dislocations and additional 165 MPa 
stress, corresponding to 35% increase, in yield strength was obtained. Furthermore, these 
clusters were observed to be more effective strengthening agents compared to spherical 
precipitates in the steel with the same amount of Nb microalloying. The apparent 
superiority of the observed dispersion of Nb-rich solute atom clusters, or GP zones, over 
conventional precipitation strengthening from a dispersion of spherical obstacles may 
have several explanations. Firstly, the Nb-rich clusters were mono-atomic layer disks, or 
close to, and so possess large aspect ratios. Precipitates with a large aspect ratio can 
exhibit a better strengthening effect [87]. Secondly, there exists a large number density of 
ultrafine clusters containing 4-20 Nb atoms-per-cluster in the peak hardness condition. 
These ultrafine clusters are beyond the usual practical imaging resolution of TEM given 
that the ferritic steel specimens are magnetic, and that these single atom layer thickness 
disks containing only a small number of solute (Nb) atoms embedded in foils that may be 
-100 nm thick. We consider that these small solute atom clusters also interact strongly 
with dislocations, and contribute to the overall strengthening [25, 27]. Interesting, no
100
sacrifice in ductility was observed which can be attributed to recovery during heating and 
removal of interstitial elements (C and N) from matrix into clusters that lead to a softer 
matrix. The industry partner, BlueScope Steel are now investigating methods to include 
an ageing stage into their production line, to take advantage of the increased strength and 
retained ductility.
Another issue I would like to mention in this task is more technique development rather 
than materials design that is relevant to this part of this thesis. It was noted that the 
morphology of those clusters appears in APT data does not fully reflect the real shape of 
them, thus cannot be directly compared to the corresponding TEM micrographs. This is 
due to the fact that the required field to evaporate Fe matrix (metallic bonds) is less than 
that of Nb-rich clusters (more like ionic bond types). Nb-rich clusters are preferentially 
retained and they develop protrusions with very small radius on the APT specimen 
surface during evaporation. Nb ions field-evaporated from those features have different 
trajectory to Fe ions from the overall APT specimen (the local magnification effect) [32]. 
This leads to the experimental observation that Nb clusters appear to be diffused Nb-rich 
regions instead of solid mono-atomic platelets. To overcome this shortcoming and to add 
more knowledge into the repertoire of APT data analysis, very recently Breen et al. at 
ACMM USYD have developed a method to extract the morphology of clusters and ultra- 
fine precipitates from APT data with high precision. In their approach, instead of 
studying the shapes of Nb-rich clusters directly, they firstly detected Fe depleted regions 
caused by Nb-rich clusters in the matrix and then studied the morphology of these regions. 
Since Fe ions adjacent to Nb clusters are less affected during field evaporation than Nb- 
rich clusters, those Fe-depleted regions more truly reflect the morphology of Nb-rich 
clusters. Indeed, combining with lattice rectification technique [88], they were able to 
resolve the mono-atomic structure of those Nb-rich clusters in APT data, which is in 
good agreement with the HRTEM observation.
The third task was to design CASTRIP® steels with higher strength and retained 
ductility via nitriding. It was observed that one hour nitridng at 525 °C in a KNO3 salt 
bath leads to the optimum combination of strength and ductility in the steel. It is also 
important to understand why the one-hour nitrided steel could retain ductility with a 35%
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improvement in strength. It is increasingly recognized that the alloys with bimodal 
structures (i.e. hard and soft structures co-existing in the same material) can possess 
extraordinary strength and high tensile plasticity [89-91]. For example, free standing 
nanocrystalline materials are generally strong but brittle. However, when the nano-grains 
were embedded or attached to coarse grains substrate, the ductility may be comparable to 
that of coarse grain materials, notwithstanding their very high strength. This is because 
the strain localization in the nanocrytalline region is suppressed with the presence of 
more ductile coarse grains. In our study, the strong but brittle diffusion layer (it is 
difficult to directly measure the mechanical properties of the diffusion layer, the high 
hardness reflects the strength and tow-hour nitriding caused primarily brittle fracture 
suggests brittleness) is supported by a soft and ductile non-diffused core [25], with a 
hardness transition between them. This gradient architecture avoids a sharp interface and 
effectively suppresses the strain localization, offering a substantially uniform plastic 
deformation and decent ductility [89]. However, quantify the translation of hard-shell on 
the overall strengthening is very difficult even in the finite element modeling, as its 
mechanical property varies continuously through the sample thickness and there is no 
sharp boundary between hard-shell and soft-core.
One issue here is that N is the strengthening agent but its contents through the thickness 
of the one hour nitride steel were not reported in the manuscript. This is because the N l + 
peak overlaps with Si2+ and Si1+ overlaps with Fe2+, making quantification of N 
extremely challenging by studying APT data alone. Model alloy such as Fe-Nb-N system 
would be a better candidate for N determination and quantification in nitriding 
experiment.
The fourth task was to investigate the effect of a cluster dispersion on the mechanical 
properties of metallic nanopillars using clusters strengthened CASTRIP® steels as a 
model alloy. It was observed that cluster dispersion also strengthened the 150 nm a-Fe 
nanopillars when they are of high dislocation density. Although the overall deformation 
behavior and hardening mechanism was similar in nanopillars with and without cluster 
dispersion, the effect of solute atom cluster dispersion on the nanopillar strength and 
deformation characteristics was clearly discernible. The average stress level at the first
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burst in the nanopillars with cluster dispersion is 0.14 GPa higher (16% stronger) than 
that of the nanopillars without clusters. The stress levels at the second and third bursts 
were also higher in nanopillars with clusters by 0.20 and 0.21 GPa, corresponding to an 
increment of 20% and 16%, respectively. As has been mentioned in section 1.5.1 of this 
thesis, mechanical annealing prevailed when nanopillars were plastically deformed. In the 
nanopillars with no clusters, the main impediments to dislocation movement were friction 
and other nearby dislocations. However, in the nanopillars with clusters, many 
dislocations are also required to pass through the Nb-rich clusters and extra stress is 
required before the dislocations can move through this dispersion of point obstacles and 
annihilate at the nanopillar surface. Since mechanical annealing was eventually achieved 
during the compression of these nanopillars, we suppose that, although the dislocations 
were retarded by the clusters, the dislocation annihilation rate was still much faster than 
the multiplication rate. It is interesting to note that the strengthening in terms of yield 
strength from these Nb-clusters in the bulk steel was -0.16 GPa (see Chapter 4 of this 
thesis). The additional strength gained in the nano-pillars was 0.14-0.21 GPa and it is 
noteworthy that this is very similar to that observed in bulk steel. This indicates that 
similar stresses were required to drive the dislocation to cut through or bow around those 
Nb-rich clusters in both bulk and nano-scale specimens and that such strengthening is 
independent of specimen size. The dislocation-cluster interaction was also reflected in the 
stress-time curves. Strain bursts with higher magnitude were observed in nanopillars with 
cluster dispersion compared to the nanopillars without clusters, Fig 3g and 4g, indicating 
intensive retardation and breaking-away activities before dislocations eventually 
annihilated at specimen surface.
In summary, the general aim of this thesis is to investigate the effect of Nb-rich clusters 
on steel mechanical properties at both macro- and nano-scale. It was concluded that in 
both macro and nano-scales, fine clusters are potent strengthening agents without 
sacrificing the ductility or the deformation behavior of the structure. The findings 
presented in this thesis are believed to have both industrial and scientific significance, 
which would beneficial in the future HSLA steel sheet product design and nano-device 
development.
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7.2 Suggested Future Work
This thesis investigated the effect of Nb-rich clusters on the mechanical properties of 
CASTRIP® steels from macro- to nano-scale systematically. However, there is still more 
work can be done towards designing the CASTRIP® steels with even higher strength and 
the more detailed understanding on cluster-dislocation interaction.
7.2.1 More clusters in the CASTRIP® steels
In Chapter 4, we observed that small amount of Nb-rich clusters strengthened the steel 
substantially and the strengthening effect is superior to the conventional spherical 
precipitates with the same Guiner radius and number density. However, it was also 
noticed that only -30% of Nb atoms were partitioned into clusters and -70% of Nb atoms 
stayed in the matrix as solid solution in a random fashion. Further heat treatment into 
overageing stage resulted in cluster coarsening and reduction in cluster number density, 
while the partitioning of Nb remained at -30%. This seemed to be the upper limit to how 
many Nb atoms can be partitioned to form clusters with this specific chemical 
composition. In Chapter 5, where the steel was strengthened by nitriding, the additional 
amount nitrogen picked up from nitriding encouraged up to 46% Nb atoms partitioned 
into clusters. This suggests that increasing N content slightly into the steel would affect 
the clustering process by exceeding the current 30% Nb partitioning upper limit. The 
current N content in the steel is 0.007 wt.%. Small amount of extra uniformly-distributed 
N leading to final N content of 0.01 to 0.014 wt.% in the starting microstructure would be 
expected to lead to even better dispersion strengthening by increasing cluster number 
density. However, adding extra N into the steel not only changes the clustering 
characteristics, but also affects the austenite to ferrite phase transformation, which cannot 
be overlooked. Nevertheless, this suggested future work maybe of industry interest in 
designing steel products that possess a combination of good strength and ductility.
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7.2.2 Direct observation of dislocation-cluster interaction
This thesis investigated the strengthening effect of Nb-rich clusters on the mechanical 
properties in both bulk and nano-scale structures. However, the detailed dislocation- 
cluster interaction was not explored. Whether the strengthening was attributed to 
dislocations cutting through the clusters or bowing around clusters was still not clear. To 
understand its fundamental underlying mechanism, an electropolished TEM thin foil that 
was aged to peak-hardness can be strained using a Gatan straining holder so that 
dislocation movements upon straining can be observed inside TEM. Furthermore, since 
the temperature is controllable by the holder while straining experiments are performed, 
this can provide insight not only the dislocation-cluster interaction at room temperature, 
but also the effect of clusters on dislocation movements in a material from elevated 
temperature to cryogenic environment.
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